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Abstract A theory of the tensile strength of oriented polymer fibres is presented. From an
analysis of the observed fracture envelope it is shown that the criterion for fracture of the
fibre is either a critical shear stress or a critical shear strain. Owing to the chain orientation
distribution in the fibre, the initiation of fracture is likely to occur in domains whose sym-
metry axes have orientation angles in the tail of this distribution. By considering the fibre
as a molecular composite, the tensile strength is calculated as a function of the modulus. The
results are compared to the observed values of PET, POK, cellulose II, PpPTA, PBO and PIPD
fibres. In addition, the relation between the ultimate strength and the chain length distrib-
ution is investigated. By using the critical shear strain as a fracture criterion in the Eyring
reduced time model, relations are derived for the fibre strength as a function of the load rate,
as well as for the lifetime under constant load. Moreover, this model predicts the dependence
of the strength on the temperature. The theoretical relations are compared to the experi-
mental results on PpPTA fibres.

Keywords Polymer fibre · Strength · Chain length distribution · Creep fracture · 
Lifetime · Poly(p-phenylene terephthalamide)

Abbreviations and Symbols
A Cross-sectional area
c Concentration
dc Interplanar spacing
d.r. Draw ratio
D Diameter of the fibre
DABT Poly(p-benzanilide terephthalamide)
DP Degree of polymerisation
ec Chain modulus
e1 Modulus transverse to the chain axis
esd Estimated standard deviation
E Fibre modulus
ERT Eyring reduced time
f(z) Chain length distribution
fw(z) Molecular weight distribution
g Shear modulus of the domain
gv Apparent shear modulus
G Torsional modulus of the filament
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HT High tenacity
h(z) Crossing length distribution
I(U) Transition density distribution
j(t) Creep compliance
kB Boltzmann constant
K Kelvin
Ld Contour projection length of the chain
LC Contour length
LG Griffith crack length
LP Persistence length of the chain
m Weibull modulus
Mn Number-average molecular weight
Mw Weight-average molecular weight
Mz Z-average molecular weight
m.u. Monomeric unit
NA Avogrado’s number
p Distance between periodic force centres
PAN Polyacrylonitrile
PBO Poly(p-phenylene benzobisoxazole)
PE Polyethylene
PET Poly(p-ethylene terephthalate)
PIPD Poly({2,6-diimidazole[4,5-b:4¢,5¢-e]pyridinylene-1,4(2,5-dihydroxy)phenylene})
POK Polyetherketone
PpPTA Poly(p-phenylene terephthalamide)
P(s) Cumulative failure probability
�P2� Internal order parameter
PD Order parameter of the directors
q Crack size
r Radius of chain cross section
RH Relative humidity
s.s. Spinning speed
t Time
tb Lifetime
T Temperature
Tg Glass transition temperature
Tni Nematic–isotropic transition temperature
T0 Reference or Vogel temperature
u Chain length
ua Average chain length
uc Bonded chain length
u0 Monomer length
U Activation energy
UHMW Ultra-high molecular weight
V Volume
Vc Chain volume fraction
Vcell Unit cell volume
W Strain energy
Wa Activation energy of creep
Wb Fracture energy
WC Strain energy of the chain
WS Shear energy
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Wm
S Maximum shear energy

W0
S Shear energy of fracture

wg Surface energy of a crack
z Chain length in monomeric units
zc Bonded chain length in m.u.
zn Number-average chain length in m.u.
zw Weight-average chain length in m.u.

Greek symbols
b Critical shear strain in tensor notation
g Shear strain in engineering notation
d Relaxation time
e Strain
eb Strain at fracture
eb

s Shear strain at fracture
ef Fibre strain
e0 Ultimate strain at fracture
ef

y Yield strain of the fibre
e13 Shear strain in tensor notation
e13

v Viscoelastic shear strain of a domain
e13

y Shear yield strain in tensor notation
z Strength of orienting nematic potential
h Viscosity
q Orientation angle at stress s
qb Orientation angle at fracture
Q Orientation angle in the unloaded state
l Load rate
n Frequency
Ç(q) Orientation distribution of the chains
s Stress
sb Tensile strength
sb

s Fibre strength based on shear deformation only
scomp Strength of a macrocomposite
s0 Ultimate strength
sL Longitudinal strength
sT Transverse strength
sy Yield stress
t Shear stress
tb Shear strength
tm Maximum shear stress
tn Normalised shear stress
ty Shear yield stress
t0 Ultimate shear strength
c Euler’s constant
w Angular frequency
W Activation volume
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1
Introduction

Organic polymer fibres offer an impressive range of mechanical properties. The
tensile modulus of these fibres varies between 5 and 330 GPa, with a tensile
strength up to 7 GPa, a compressive strength up to 1.7 GPa, and a temperature
resistance up to 400 °C. The tensile curves of these fibres for temperatures be-
low the glass transition temperature, including the yield phenomenon, are well
described by the continuous chain model [1–10]. Considerable attention has
been given in the literature to the relation between the tensile strength and the
chain length distribution [11–14]. As will be shown here, there are also other
factors of similar importance which determine the strength of a polymer fibre.
In this report a relationship is derived describing the fibre strength as a func-
tion of the orientation distribution of the chains and the intrinsic mechanical
properties, such as the elastic modulus of the polymer chain and the modulus
for shear between the chains. In addition, a modified version of Yoon’s model
for the description of the relation between the strength and the chain length
distribution is presented. Finally, a model is proposed for the dependence of the
fibre strength on the time and the temperature.

Before embarking on the discussion of these intrinsic factors determining the
strength of polymer fibres, the effect of structural and morphological imper-
fections on the fibre strength are briefly discussed. During the manufacturing
process of polymer fibres all kinds of imperfections are introduced, like struc-
tural inhomogeneities, impurities and voids. These so-called extrinsic factors
result in an imperfect bonding between the chains and may give rise to stress
concentrations, which after a catastrophic growth of pre-existing cracks can
lead to fracture. These imperfections cause the size effects, viz. the transverse
effect or the dependence of the strength on the fibre diameter, and the longi-
tudinal effect or the dependence of the strength on the test length [15–17]. Two
different approaches can be recognised for the description of the size effects.
The first is based on Griffith’s theory of crack propagation, which considers the
energy balance between the external work, the surface energy of the crack and
the elastic energy of the material [18, 19]. This theory is based on the elastic the-
ory of infinitesimal deformations, and so does not apply to highly deformable
materials. It can be applied to the transverse effects and leads to the semi-em-
pirical equation for the strength of a material

1      1
4 = 4 + K · klD (1)
sb s0

where sb is the actual strength of the fibre, s0 the strength of the flawless fibre
or the ultimate strength, K a constant and D the diameter of the fibre [20]. It
was later shown by Penning et al. that the scaling of the tensile strength with
D–0.5 can be derived from geometrical considerations as well [16]. An example
of this relation is presented in Fig. 1, where the yarn strength of poly(p-phenyl-
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ene terephthalamide) or PpPTA is plotted versus the filament diameter [21].
Apparently, for the strength of a flawless PpPTA filament the extrapolation
yields s0=16±4 GPa. As will be shown in this report, this value is too large.

Whereas in the second approach of the size effects it is also assumed that
fracture is controlled by defects, the strength is now considered a statistically
distributed parameter rather than a physical property characterised by a single
value. The statistical distribution of fibre strength is usually described by the
Weibull model [22, 23]. In this weakest-link model the strength distribution of
a series arrangement of units of length L0 is given by

L    s m

P(s) = 1 – exp�– 4 �4� � (2)
L0    sp

where P(s) is the cumulative failure probability at a stress s, sp a scaling 
parameter and m the Weibull modulus. To make a so-called Weibull plot of a
yarn P(s) is approximated by

niP = 8 (3)
n + 1 

where ni is the number of filaments that have broken at or below a stress s and
n is the total number of filaments tested. The length dependence is expressed
through the test length L and can be written as

log [–log (1 – P)] – logL + logL0 = m logs – m logsp (4)

6 M. G. Northolt et al.

Fig. 1 The inverse of the observed strength of PpPTA yarns versus the square root of the 
diameter of the filaments. Linear regression yields sb

–1=0.063(16)+0.0643(27) D0.5 (GPa)–1

with s0=16(4) GPa, and estimated standard deviations in parentheses



Thus, given a Weibull distribution of the filament strength, a plot of log
[–log(1–P)] versus logs results in a straight line with a slope m. For the range
5<m<30 the relation between the coefficient of variance (cv) of the filament
tenacity distribution and m is given by cv=1.2 m–1. Figure 2 presents an exam-
ple of a Weibull plot of the filament strength of a PpPTA yarn, yielding a
Weibull modulus of 20.6.

The average fracture stress of the filaments for a test length L is given by

1
�s� = spL– 1

4m G �1 + 4� (5)
m

where G is the gamma function [15]. Equation 5 shows that the average strength
depends on the test length of the fibre sample, which can be approximated by

1
log (�s�) ≈ C – 4 log (L) with C = log [spG (1 + 1/m)] (6)

m

Thus, the Weibull modulus can be derived from the strength distribution at a
fixed test length as shown by Eq. 4, as well as from a plot of the average filament
strength as a function of the test length according to Eq. 6. In Fig. 3, an exam-
ple of the relation in Eq. 6 is presented for a PAN-based carbon fibre [8]. From
this plot a value m=7.2 with an estimated standard deviation (esd) of 0.7 is de-
rived, whereas the m values obtained from the strength distributions at fixed
length are 5.2 (0.6) for 2 mm, 5.1 (0.6) for 10 mm and 4.6 (0.6) for 25 mm, with
esd values in parentheses.Apparently the length effect is weaker than expected

The Tensile Strength of Polymer Fibres 7

Fig. 2 Weibull plot of the filament strength for a test length of 10 cm of a PpPTA yarn yield-
ing a Weibull modulus of 20.6. The average filament strength is 3.2 GPa



from the width of the strength distributions at fixed length, which may indicate
that adjacent segments in the carbon filament are not statistically independent,
as is assumed by the weakest-link theory, i.e. the model is not quite suitable.
With regard to the application of fibres in uniaxially reinforced composites, the
critical length of a fibre is the test length for which the average filament tenac-
ity is equal to the impregnated bundle strength. Since the impregnated bundle
strength of this carbon fibre is 5.7 GPa, it follows from Fig. 3 that the critical
length is 4.5 mm. Weibull moduli of filaments taken from yarns range from 5
for brittle carbon fibres to about 50 for ductile melt-spun poly(p-ethylene
terephthalate) (PET) fibres.

Penning et al. studied the transverse and longitudinal size effects in high-
strength ultra-high molecular weight (UHMW) polyethylene (PE) fibres and
found that the length or longitudinal size effects become weaker as the tensile
modulus of the fibre increases, whereas the transverse effect becomes more
pronounced as the modulus increases [16]. In particular, the length effect dis-
appeared almost completely for PE fibres with a draw ratio of 70. This was 
attributed by Penning et al. to the fact that the high-modulus PE fibres do not
possess a distribution of macroscopic flaws, occurring at distances of the same
order of magnitude as the applied test lengths, but contain a microscopic defect
structure at very short intervals of about 100 nm. They concluded that, appar-
ently, transverse and longitudinal effects have different physical backgrounds
and, therefore, cannot be described simultaneously by statistical theories such
as the weakest-link hypothesis. In the case of high-modulus/high-strength 
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Fig. 3 The natural logarithm of the average filament strength (n=40) as a function of the
natural logarithm of the test length for an intermediate-modulus, PAN-based carbon fibre
with an impregnated bundle strength of 5.7 GPa [8]



fibres, such as PpPTA and poly(p-phenylene benzobisoxazole) or PBO, and
poly({2,6-diimidazole[4,5-b:4¢,5¢-e]pyridinylene-1,4(2,5-dihydroxy)phenylene})
or PIPD, made by the wet-spinning process, the transverse size effect is difficult
to detect, because a decrease of the filament diameter is often accompanied by
an increase of the tensile modulus.As will be shown in Sect. 2 this results in an
increase of the strength. In this regard the conclusions drawn from Fig. 1 should
be considered with some caution.With regard to the observation of Penning at
el. that the longitudinal size effect becomes weaker as the modulus increases,
it will be shown in this report that, by applying Griffith’s theory on cracks in
anisotropic fibres, elongated cracks are supposed to be more damaging in low-
oriented fibres than in highly oriented fibres.

An extensive discussion of the concept of fibre strength, the Weibull mod-
ulus, and its relation to fracture toughness has been given by Van der Zwaag
[15]. An increase of the material toughness will result in an increase of the
Weibull modulus, because incorporation of local plastic deformation will de-
crease the stress concentrations in the fibre. This is much more easily achieved
with flexible polymer chains than with rigid-rod chains, not to mention the
graphitic planes in carbon fibres.Van der Waals and hydrogen bonds offer more
advantages in this respect than covalent bonds between the building elements
of the fibre. This explains the observation that the Weibull modulus of yarns de-
creases according to the sequence: PE, PET, cellulose, PpPTA, PBO and carbon
fibre. The particularly low value of the Weibull modulus of carbon fibres is a
consequence of the brittleness of these fibres. Therefore, the increase of the
strength of carbon fibres calls for extreme care at each stage of the process to
preclude any kind of flaw-producing impurity [24].

Melt-spun fibres such as PET displaying a “flag” or a plastic mode of defor-
mation at the end of the tensile curve show a large variation of the elongation
at break. At low tensile speeds these fibres display ductile fracture initiated by
crack growth, and for increasing testing speeds the melt fracture morphology
becomes dominant.Adiabatic heating of the fibre during rapid cold drawing will
raise the temperature well above the glass transition temperature [25]. But even
at medium strain rates of 100% per minute tiny irregularities in the fibre may
cause localised drawing or “necking”, whereby the temperature can approach
the melting temperature, resulting in an extra elongation before fracture. Hence,
this random phenomenon of “hot spots” occurring during cold drawing causes
the wide range of elongations at break observed during filament testing of PET
fibres. With regard to the failure mode, it is significant to note that polymer 
fibres without a melting temperature, such as cellulose, PpPTA, PBO and PIPD,
generally display a more or less fibrillar fracture morphology. This is in contrast
to polymer fibres having a melting temperature like PE, PET and the aliphatic
polyamides, which often show melt-flow phenomena during cold drawing.

Weibull plots of various fibre properties, such as the filament count, modu-
lus, elongation at break and the strength, can provide important information
on the quality and performance of the manufacturing process. The results can
be used to formulate a strategy for the improvement of the yarn properties.

The Tensile Strength of Polymer Fibres 9



As will be shown in this report, polymer fibres gain additional strength by
an increase of the molecular weight and by a more contracted orientation dis-
tribution, i.e. a higher modulus. For the wet-spun fibres, a strength increase can
be achieved by improvement of the coagulation process, which makes for a
more uniform structure and chain orientation in the cross section of the fibre,
and by a reduction of the amount of impurities.

For an understanding of the fracture process and the dependence of the
strength on the chain orientation distribution and the basic elastic constants,
we briefly discuss the tensile deformation of polymer fibres. The continuous
chain model provides a good description of the tensile curve of a polymer fibre
[1–10]. In this model the fibre is built up of parallel oriented fibrils with equal
properties. Thus it is assumed that a mechanical model of the extension of a
single fibril as a function of the fibre stress gives a complete description of the
tensile deformation of the fibre. Each fibril is a series arrangement of domains
consisting of perfectly oriented chains. The domains are cylindrically sym-
metric around the chain axis and the axes of the domains follow an orientation
distribution, Ç(Q), in the unloaded state. The elastic constants of the domain
most relevant to the tensile extension of the fibre are the chain modulus, ec, and
the modulus for shear between adjacent chains, g. Figure 4 shows the stresses
acting on a domain due to a tensile stress on the fibre and Figs. 5 and 6 depict
schematic representations of the domain deformation according to the con-
tinuous chain model. The fibre strain is given by

s �cos2q�     �cosq� – �cosQ�
ef = 96 + 999 (7)

ec �cosQ�

where Q is the initial orientation angle of the chain axis at zero load and q the
angle at a tensile stress s. The averaging is performed over the chain orienta-
tion distributions Ç(Q) and Ç(q) of the domains in the fibril.As shown by Eq. 7
the fibre strain is composed of two contributions, viz. the elastic chain exten-
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Fig. 4 The four normal stresses and the four equal shear stresses acting on the domain in
the fibre under a tensile stress s. The chains are parallel to AB and make an angle q with the
fibre axis



sion brought about by the normal stress scos2q and the change of the projected
chain length due the rotation of the chain axes towards the fibril axis. This 
rotation is caused by the resolved shear stresses |t|=ssinqcosq acting on the 
domains. The key equation for the elastic shear deformation of a domain in a
fibre is

s
tan (q – Q) = – 5 sinq cosq (8)

2g

In this equation t=–ssinqcosq is the shear stress acting on a domain in the 
fibre and tan(q–Q)≈–(Q–q) is the shear strain e13 in tensor notation. Using the
engineering notation for the shear strain g=2e13, Eq. 8 becomes t=gg and rep-
resents Hooke’s equation for shear deformation. Note that during tensile ex-
tension of the fibre the shear stress has by definition a negative value. The shear
modulus g is also called the internal shear modulus in order to distinguish it
from the shear or torsion modulus, G, of the filament itself. For a polymer 
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Fig. 5 Schematic representation of the domain contributions to the tensile deformation of
the fibre: chain stretching and chain rotation due to shear deformation

Fig. 6 The deformation of the domain and its contributions to the fibre strain, see also Eq. 7



fibre without cracks G is approximately equal to g. We will often make use of
the following analytical approximation of the solution of Eq. 8:

tanQ
tanq = 95 (9)

s�1 + 5�2g

In the continuous chain model, a large part of the deformation during extension
of the fibre consists of the shear deformation as a result of which the chain ori-
entation distribution contracts. This leads to the concave shape of the tensile
curve, often found for polymer fibres. Therefore, this description of the exten-
sion of the fibre implies a strain hardening process.

Chain stretching is governed by the covalent bonds in the chain and is there-
fore considered a purely elastic deformation, whereas the intermolecular sec-
ondary bonds govern the shear deformation. Hence, the time or frequency 
dependency of the tensile properties of a polymer fibre can be represented by
introducing the time- or frequency-dependent internal shear modulus g(t) or
g(n).According to the continuous chain model the fibre modulus is given by the
formula

1       1      �sin2Q�E
3 = 4 + 951 (10)
E      ec 2g

where �sin2Q�E is the strain orientation parameter in the unloaded state de-
fined as

p/2

∫ sin2QcosQÇ(Q)sinQdQ
0�sin2Q�E = 999992 (11)p/2

∫ cosQÇ(Q)sinQdQ
0

The function N(Q)=Ç(Q)sinQ is proportional to the total number of domains
in the fibre at an angle Q with the fibre axis. The determination of the modu-
lus using sonic frequencies will yield a higher value of g than the method by
which the modulus is derived from the initial slope of the tensile curve. For ran-
dom orientation of the chains in a fibre �sin2Q�E=0.5 and the modulus of an
isotropic fibre is given by Eiso≈4g.

The continuous chain model includes a description of the yielding phe-
nomenon that occurs in the tensile curve of polymer fibres between a strain of
0.005 and 0.025 [1]. Up to the yield point the fibre extension is practically elas-
tic. For larger strains, the extension is composed of an elastic, viscoelastic and
plastic contribution. The yield of the tensile curve is explained by a simple yield
mechanism based on Schmid’s law for shear deformation of the domains. This
law states that, for an anisotropic material, plastic deformation starts at a crit-
ical value of the resolved shear stress, |ty|=fg, along a slip plane. It has been
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shown that the yield strain of a polymer fibre, ef
y, is a function of the fibre mod-

ulus or the chain orientation distribution and is given by

1     �sin2Q�E     fg
ef

y ≈ �4 + 96� 994 (12)
ec 2g         sinQa cosQa

where Qa is the average angle of the distribution Ç(Q). Except for highly ori-
ented fibres Eq. 12 can be approximated by

f tanQaef
y ≈ 95 (13)

2

In isotropic samples yielding begins in the domains with an angle Q=p/4 and
Eq. 13 reduces to

f
ef

y ≈ 3 (14)
2

Indeed, it has been observed that the onset of yielding of isotropic polymers is
approximately constant,0.02<ef

y<0.025,which implies that 0.04<f<0.05 [1].Above
the shear yield strain, the plastic shear deformation of the domain satisfies a plas-
tic shear law. For temperatures below the glass transition temperature, the con-
tinuous chain model enables the calculation of the tensile curve of a polymer 
fibre up to about 10% strain [6]. Figure 7 shows the observed stress–strain curves
of PpPTA fibres with different moduli compared to the calculated curves.
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Fig. 7 Comparison of the observed tensile curves of PpPTA fibres with three different
moduli with the curves calculated with the continuous chain model [6]



In a further development of the continuous chain model it has been shown
that the viscoelastic and plastic behaviour, as manifested by the yielding phe-
nomenon, creep and stress relaxation, can be satisfactorily described by the
Eyring reduced time (ERT) model [10]. Creep in polymer fibres is brought
about by the time-dependent shear deformation, resulting in a mutual dis-
placement of adjacent chains [7–10]. As will be shown in Sect. 4, this process
can be described by activated shear transitions with a distribution of activation
energies. The ERT model will be used to derive the relationship that describes
the strength of a polymer fibre as a function of the time and the temperature.

In order to simplify the discussion and to keep the derivation of the formulae
tractable, the major part of this analysis is limited to a polymer fibre with a sin-
gle orientation angle Q. This angle is assumed to be a kind of average angle and
a characteristic parameter of the orientation distribution of the chain axes.

For a proper understanding of the tensile deformation of a polymer fibre 
it is useful to know the approximate values of the various quantities. An imag-
inary PpPTA fibre is considered with a single orientation angle of Q=9.6° that
is loaded to a stress of 4 GPa. Typical values for PpPTA are ec=240 GPa, g=
1.8 GPa and an orientation parameter of sin2Q=0.028 resulting in a modulus of
84 GPa. Using the continuous chain model, it can be calculated that the elastic
fibre strain is composed of 0.016 due to chain stretching and of 0.011 due to
chain rotation. The orientation angle at 4 GPa is q=4.6°, which means a rotation
angle of 5° or a shear strain in engineering units of g=2e13 of 0.175 radians. So,
a considerable fraction of the fibre strain is caused by the contraction of the
chain orientation distribution, which increases for decreasing fibre modulus.

As the chain modulus of a polymer cannot be altered in a spinning process,
a larger fibre modulus can only be obtained by improving the orientation of
the chains and by an increase of the shear modulus g. However, there is one 
exception. After dissolving native cellulose fibres with the cellulose I confor-
mation and a chain modulus of 138 GPa into a solution, the regenerated fibres
obtained by spinning of this solution and subsequent coagulation always have
the cellulose II chain conformation with a chain modulus of 88 GPa [26].

This report contains unpublished results on the spinning of cellulose II,
polyetherketone (POK), PpPTA, DABT and PIPD (or M5) fibres from the Akzo
Nobel Research Laboratories Arnhem in The Netherlands.

2
Fracture of a Polymer Fibre

2.1
Fracture Envelope

For fibres made from the same polymer but with different degrees of chain ori-
entation the end points of the tensile curves, {eb, sb}, are approximately located
on a hyperbola. Typical examples of this fracture envelope are shown in Figs. 8
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Fig. 8 Tensile curves of cellulose II fibres measured at an RH of 65%: (1) Fibre B, (2) Cor-
denka EHM yarn, (3) Cordenka 700 tyre yarn, (4) Cordenka 660 tyre yarn and (5) Enka vis-
cose textile yarn [26]. The solid circles represent the strength corrected for the reduced cross
section at fracture. The dotted curve is the hyperbola fitted to the end points of the tensile
curves 1, 3 and 5. The dashed curve is the fracture envelope calculated with Eqs. 9, 23 and 24
using a critical shear stress tb=0.22 GPa

Fig. 9 The end points of the tensile curves of the various polyetherketone (POK) yarns spun
by B.J. Lommerts [27–29]. The dashed curve has been calculated with Eqs. 9, 23 and 24 using
tb=0.25 GPa



and 9 for cellulose II and polyetherketone or POK fibres, respectively [26–29].
A simple explanation for the shape of the fracture envelope on the basis of the
cellulose II data will be used as a starting point for the development of a theory
describing the strength of well-oriented polymer fibres. Assuming a linear 
tensile curve with modulus E, the work of fracture or the strain energy up to
fracture per unit volume is given by

eb 1             1
Wb = ∫ sde = 3 Ee2

b = 3 sbeb (15)
0 2             2

Thus for the end points located on the hyperbola, sb µ1/eb, the work of frac-
ture is constant. The fracture envelope in Fig. 8 represented by the dotted curve
is the hyperbola sb=2Wb/eb, which for Wb=0.058 GJ m–3 gives the best fit with
the observed strength values [26]. As discussed in Sect. 1, the tensile strain 
energy of the fibre is composed of the strain energy arising from the chain 
extension WC and of the strain energy due to the shear deformation of the 
domains WS. Cellulose II has a chain modulus ec=88 GPa, which yields for the
strain energy of the chain up to fracture of the fibre with the largest modulus
(Fibre 1 in Fig. 8) Wb

C=1/2sb
2/ec=0.017 GJ m–3. This implies that the major part

of the strain energy of the cellulose fibres is stored in the straining of the in-
termolecular hydrogen bonds as a result of the shear deformation between 
the chains. The shear strain energy up to fracture Wb

S is about 7% of the to-
tal energy content of the hydrogen bonds in cellulose II, assuming that all pos-
sible intermolecular hydrogen bonds are formed. This suggests that for fibre
breakage a fraction of only 7% of the intermolecular bonds needs to be bro-
ken.

In a cellulose II fibre with a perfectly ordered arrangement of chains and
without impurities, inhomogeneities and voids, the only disorder is near the
chain ends. Hence, it is likely that in this fibre almost all possible hydrogen
bonds are formed and severe stress concentrators are virtually absent. Con-
sequently, fracture of this ideal fibre is brought about when all chains have
been dislodged or separated from each other. By this definition the tensile
stress required to break this ideal fibre, s0, is the ideal strength or the ultimate
strength of a perfect ordered cellulose II fibre.Assuming a linear stress–strain
curve, we can estimate s0 for an arbitrary modulus value. Because the total 
intermolecular energy of the ideal cellulose fibre is about ten times the ob-
served fracture energy, the maximum or total debonding energy is given 
by

Wm ≈ 10Wb (16)

For the total debonding or fracture energy of a perfect fibre with an elongation
at break e0 and strength s0 we can write

1
Wm = 3 s0e0 (17)

2
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Assuming eb=sb/E and e0=s0/E, Eqs. 15, 16 and 17 give for the ultimate strength
of the perfect cellulose II fibre

s0 ≈ kl10 · sb (18)

We take as an example the mechanical properties of a high-modulus and high-
strength cellulose II fibre (Fibre 1 in Fig. 8) with a modulus of 45 GPa and a 
filament strength of 1.7 GPa [26]. According to the estimate of Eq. 18, the ulti-
mate strength of an ideal cellulose II fibre with a modulus of 45 GPa is 5.4 GPa,
which is 12% of the fibre modulus. This fraction of the modulus is in agreement
with the estimates of the ultimate strength values of other materials [19]. How-
ever, it will be shown that this approach for the estimate of the ideal strength
of a polymer fibre is too simple.

2.2
Critical Shear Stress and Critical Shear Strain

The presented explanation for the existence of the fracture envelope will be
used in formulating a fracture criterion for polymer fibres. Let us suppose a hy-
pothetical polymer fibre with chains having a single orientation angle Q in the
unloaded state. The shape of the fracture envelope is now calculated by taking
into account the shear deformation of the chains only. For this case the work
per unit volume up to fracture is given by

gb

Wb
S = ∫ tdg (19)

0

where gb is the total shear strain up to fracture expressed in engineering units.
In the continuous chain model for the fibre extension the tensor notation is
used, which means that g=2(Q–q). Using Hooke’s relation t=gg, the expression
for the work or the shear strain energy up to fracture becomes

qb qb

Wb
S = 2 ∫ td(Q – q) = 4g ∫ (Q – q) d(Q – q) = 2g(Q – qb)2 (20)

0 0

where qb is the angle of the chain axis at fracture. To a first approximation the
shear stress at fibre fracture is given by tb=2g(Q–qb), so the work of fracture
can also be written as

tb
2

Wb
S = 2g(Q – qb)2 = 4 (21)

2g

By neglecting the chain extension it is assumed that Wb≈Wb
S. Thus the obser-

vation that Wb is approximately constant for fibres of the same polymer with
different degrees of orientation means that not only a constant critical shear
stress, tb, but also a maximum shear strain, (Q–qb), is a useful criterion of
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fibre failure, irrespective of the modulus of the fibre. The fracture envelope 
{eb, sb} is now calculated on the basis of the continuous chain model. As a first
approximation the contribution from the chain extension is neglected and the
critical shear stress criterion will be employed. According to the model the
shear stress at fracture is given by

tb = –sb sinqb cosqb (22)

and the shear strain by

sbtan(qb – Q) = – 4 sinqb cosqb (23)
2g

where sb is the stress at fracture or the strength of the filament and b=(Q–qb)
is the fracture shear strain. The fibre strain at fracture due to the shear defor-
mation, eb

s, is given by the change in the length of the chain segment projected
onto the filament axis

cosqbeb
s = 91 – 1 (24)

cosQ

The relation between the end points of the tensile curve, sb and eb (=eb
s), can

be calculated with Eqs. 9, 23 and 24. This relation is now by definition taken as
the fracture envelope. Note that these equations only hold for elastic deforma-
tion. In order to account for some viscoelastic and plastic deformation, a value
gv is used, which is somewhat smaller than the value for elastic deformation g.
The dashed curves in Figs. 8 and 9 are the calculated fracture envelopes (ne-
glecting the chain extension) for the cellulose II and the POK fibres, respec-
tively. These figures show a good agreement between the observed and calcu-
lated fracture points.

The concept of a maximum shear strain is supported by the experimental re-
lationship for the lifetime of a polymer fibre. For many polymer fibres the ob-
served lifetime or the time to failure tb is given by

log(tb) = C1 – C2s (25)

where s is the creep stress and the parameters C1 and C2 are a function of tem-
perature. For example, a PpPTA fibre breaks at room temperature after 104 s at a
creep stress of 3 GPa, after 103 s at a creep stress of 3.17 GPa and after 102 s at a
stress of 3.31 GPa [30]. In fact, Eq. 25 expresses that the strength is a function of
time. This relation cannot be explained by assuming a constant critical shear
stress as a criterion of fibre fracture, because in a creep failure experiment the ap-
plied stress is lower than the fibre strength determined in a normal tensile test.

As shown in Fig. 10, the shear strain is proportional to the relative displace-
ment of two parallel aligned adjacent chains. Therefore, it seems plausible to 
assume that the maximum shear strain value b=(Q–qb) at which fracture of the
fibre is initiated will be related to a critical overlap length between adjacent
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polymer chains. Part of the maximum or critical shear strain is brought about
by the elastic shear deformation, and the remaining part is due to creep shear
deformation. In the case of a normal tensile test using relatively high strain
rates (100% min–1) for the determination of the fibre strength, the duration 
of the test is short and the creep shear contribution is very small indeed. Con-
sequently, in this test the interchain bonds are broken within a very short time.
In this particular case Eq. 21 shows that the criterion for fibre failure at a crit-
ical shear strain corresponds to failure at a critical shear stress.

In the case of fibres made of flexible-chain polymers, e.g. polyamide 6 and
66 and poly(p-ethylene terephthalate) or PET, the fracture criterion involving
a critical shear strain cannot be employed without modifications. These fibres
have a two-phase structure consisting of a series arrangement of amorphous
and crystalline domains. When for increasing fibre stress the critical shear
stress is reached – presumably at the (second) maximum of the modulus–strain
curve of the fibre – the chains in the amorphous domains start to flow and un-
folding of the chains occurs. It has been shown that, up to this maximum, the
continuous chain model can accurately describe the tensile curve of polymer
fibres [1–10]. For decreasing modulus the fracture envelope of these fibres 
progressively deviates from the hyperbolic shape due to the contribution of
plastic flow to the fibre strain, as is shown for PET fibres in Fig. 11. For medium-
and low-oriented fibres made of flexible-chain polymers the viscoelastic and
plastic rotation of the chain together with the unfolding of chains form the 
major contribution to the fibre extension.

A simple approximation for the strength of a fibre is derived by exclusion of
the chain extension. By using the analytical function Eq. 9 as the approxima-
tion of the solution of Eq. 23

tanQ
tanqb = 96 (26)

sb�1 + 5�2g
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Fig. 10 Shear deformation of a domain shown in Figs. 5 and 6 results in a rotation of the
chain axes and in a relative displacement x of the chains, which is proportional to the shear
angle or the shear strain g=2(Q–q)



the fracture condition becomes

sb tanQ
|tb| = sb sinqb cosqb ≈ 96 = 2gb (27)

sb�1 + 5�2g

which yields for the fibre strength, sb
s, neglecting the contribution from chain

extension

2gb
sb

s = 97 (28)
tanQ – b

This equation, which only holds for initial orientation angles Q>arctanb, shows
that the fibre strength increases with decreasing orientation angle of the chains
and that it is proportional to g and thus proportional to the critical shear stress
tb. Equation 28 is in agreement with the observation by Knoff. He found a lin-
ear relation between the tensile strength of a PpPTA filament and its torsional
shear strength, indicating the importance of shear failure for the tensile strength
of a PpPTA fibre [31].

This simple fracture model has a major shortcoming. The exclusion of chain
stretching in the model leads for small initial orientation angles to strength 
values that become infinite. It follows from Eq. 27 that the shear stress is a con-
tinuous function of the fibre stress and it increases asymptotically to the value
of 2gtanQ. So for initial orientation angles

tbQ < arctan b = arctan �5� (29)
2g
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Fig. 11 Tensile curves of PET yarns made with different draw ratios



the shear stress acting on a domain will never reach the critical value tb. Con-
sequently the fibre strength in this simple fracture model becomes infinite.
Thus a model based on a critical shear stress alone, without taking account of
the chain extension, cannot provide the complete description of the tensile
strength of polymer fibres.

However, considering the simplicity of the model using a single orientation
angle, the agreement between the observed and computed fracture envelopes
is still surprisingly good. It shows that for well-oriented yarns a higher fibre
stress is required to exceed the critical shear stress tb (|t|=ssinqcosq≥tb) than
for low-oriented fibres. Moreover, as the shear stress increases with the orien-
tation angle, the onset of fracture is likely to be in the domains with angles in
the tail of the orientation distribution. The basic assumption of the model is
that fracture of fibres is due to the rupture of the intermolecular bonds as a 
result of the shear deformation. This is confirmed by the observation that the
fracture morphology of polymer fibres that do not have a melting temperature
has a more or less fibrillar nature, i.e. they are broken by shear fracture.

2.3
Distribution of the Strain Energy in a Fibre

Owing to the chain orientation distribution the fracture mechanism of oriented
polymer fibres is different from that of isotropic fibres. The presence of this 
distribution leads to a non-uniform distribution of the strain energy between
the domains. The strain energy is defined by

e s sds
W = ∫sde = ∫ 8 (30)

0 0      E

For a polymer fibre with a single orientation angle the modulus, E, or the slope
at each point of the tensile curve, is a function of the tensile stress and given by

1 1     sin2q
8 = 4 + 96 (31)
E(q)    ec (2g + s )

where q is the angle of the chain axis at a fibre stress s [4–6]. For well-oriented
fibres the approximation sin2q≈tan2q is used, and the integral in Eq. 30 can be
evaluated with Eq. 9

s2 s       2
W ≈ 6 +  (g tan2Q) · �93� (32)

2ec 2g + s

Equation 32 gives the total strain energy stored in a domain of a fibre with an
orientation angle Q in the unloaded state after the stress has been increased
from 0 to s. The first term on the right-hand side is the strain energy of the
chain extension, and the second term is the shear strain energy. The continu-
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ous chain model postulates that a fibre can be considered as a series arrange-
ment of domains whose symmetry axes are distributed in accordance with the
orientation distribution of the chains.As shown by Eq. 32 the strain energy per
domain during tensile deformation is not uniformly distributed over the whole
fibre, but is proportional to the function tan2Q. If Ç(q) is the distribution mea-
sured along the meridian in the unloaded state, the total number of domains
in the fibre at an angle Q with the fibre axis is proportional to the function
N(Q)=Ç(q)sinQ [1]. Figure 12 demonstrates that for a Gaussian distribution
Ç(q) with a width at half-height of 17.2°, the most frequent orientation angle is
near 7.5°. The distribution of the strain energy between all domains in the fi-
bre is given by the function W(Q)=tan2QsinQÇ(Q), which for this Gaussian
distribution shows a maximum at about 12.5°. The angle of Q=12.5° is in the
tail of the Gaussian distribution. The ratio of the strain energies of domains
with orientation angles at Q=12.5° and 5° equals (tan212.5)/tan25=6.4. As
shown in Fig. 12, for a Gaussian distribution with a width at half-height of 17.2°
the ratio of the strain energies W(Q) stored in all domains at these angles is
equal to 5. This example demonstrates that the major part of the strain energy
supplied in a tensile test to the fibre is stored in the tail of the distribution Ç(Q),
which has important implications for the initiation of fracture.

Immediately upon fracture the fibre drops from a high-energy state equal to
the stored elastic energy to its lowest energy, viz. the unloaded state. Hence, ini-
tiation of fracture in the domains in the tail of the orientation distribution Ç(q)
does release most effectively the stored energy of a loaded polymer fibre. So, if
there are no impurities and structural irregularities, fracture of the fibre is
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Fig. 12 The meridianal orientation function Ç(Q) for a Gaussian distribution, the distrib-
ution function Ç(Q)sinQ, the shear strain energy function tan2QsinQÇ(Q) and the function
tan2Q



likely to begin in domains lying in the tail of the orientation distribution. This
means that upon fracture the secondary bonds in the domains with smaller ori-
entation angles are not strained to the critical shear angle. In Sect. 2.1 we 
arrived at the conclusion that in the case of the cellulose II fibres only about 7%
of the hydrogen bonds need to be broken for fracture of the fibre. Apparently
this relatively small fraction originates from the non-uniform distribution of
the strain energy in the fibre. Presumably most of the broken hydrogen bonds
are located in the domains with a large orientation angle.

In the previous section we discussed the ultimate strength of a polymer 
fibre s0. This value corresponds to the stress at which all secondary bonds in
the fibre are broken. Due to the presence of the chain orientation distribution
alone, it follows that even the strength of a polymer fibre without any flaws will
never attain this value.Yet, fracture in a real fibre may not always initiate in the
most disoriented domains. If there are inhomogeneities that lead to stress con-
centrations, fracture can also occur in domains at a smaller angle to the fibre
axis.

2.4
Effect of Cracks on the Strength and the Relation with the Chain Orientation

Organic polymer fibres contain impurities and small cracks or voids. In par-
ticular, in wet-spun fibres these voids are oriented more or less parallel to the
chain direction, as has been revealed by small-angle X-ray scattering. Presum-
ably their number and size can influence the critical shear stress at which 
the fibre will break. In general, small surface cracks in these fibres that are 
perpendicular to the fibre axis have little effect on the strength. As in uniaxi-
ally oriented macrocomposites, a small crack in the surface transverse to the fil-
ament axis will bend off in a direction parallel to the chain direction due 
to the Cook–Gordon mechanism [32]. At the front of the crack tip in these
anisotropic materials there is not only a concentration of the tensile stress but
also a concentration of the shear stress parallel to the direction with the high-
est modulus, which is usually the fibre axis. Due to this shear stress elongated
voids parallel to the fibre axis are created at the front of the transverse crack tip.
Such a void may coalesce with the crack tip, thereby substantially increasing the
curvature of the crack tip and thus lowering the stress concentration.

For an introduction to the subject of the strength of materials the reader is
referred to the book “Structures, or why things don’t fall down” by J.E. Gordon
[33]. He states that in order to break a material in tension a crack must spread
right across it. However, creating a new crack requires a supply of energy. This
energy can be tapped from the stored-up strain energy (or resilience) due to the
stress on the material. According to the modern view on strength, when we
break a structure or a material by loading in tension, we ought not to regard
fracture as being caused directly by the action of the applied load pulling on the
chemical bonds between the atoms in the material. That is to say, it is not the
consequence of the simple action of a tensile stress as the classical textbooks
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would make us believe. The “true” or theoretical maximum tensile stress 
required to pull the atoms apart is very high indeed, far higher than the “prac-
tical” strength determined by means of ordinary tensile tests. The direct result
of increasing the load on a structure or a material is only to cause more strain
energy to be stored within it. The significant question related to the strength
of a material is whether or not it is possible for its strain energy to be converted
into fracture energy so as to create a new crack. Thus, the tensile fracture of a
polymer fibre depends chiefly upon: (1) the price in terms of energy which has
to be paid in order to create a new crack, (2) the amount of strain energy which
is likely to become available to pay this price and (3) the size and shape of the
worst hole or crack in the structure or material.

According to the theory of crack growth by Griffith the balance between the
stored strain energy and the work of fracture necessary to create the fracture
surfaces controls the propagation of cracks [18, 19]. The energy required to
propagate the crack is delivered by the release of the strain energy in the areas
around the crack. Figure 13 shows an isotropic piece of material under stress
with a small crack normal to the stress direction. After a crack of length L is
formed, the strain energy in roughly the shaded area around the crack has been
released. This strain energy, which is proportional to L2, is consumed as work
of fracture to create the crack. This work of fracture is proportional to L [33].
From the balance between the strain energy and the work of fracture it follows
that the so-called Griffith length can be defined

wg E
LG = 7 (33)

ps2

where wg is the work of fracture or the surface energy of the crack per unit vol-
ume, E the modulus and s the applied stress. For cracks with a length L<LG
the system is energy-consuming and cracks will not propagate. For an infini-
tesimal increase of the crack, the increase of the work of fracture is larger than
the increase of the strain energy which is needed to deliver the energy for the
fracture. Cracks larger than LG are self-propagating and will eventually result
in fracture of the material. Equation 33 shows that the critical crack length 
or the Griffith length is a function of the modulus and the stress on the mate-
rial.

Although Eq. 33 has been derived for isotropic materials, it will be applied
here as a first approximation to polymer fibres. For a fibre subjected to an ax-
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Fig. 13 The strain energy of the shaded area has been consumed as work of fracture for the
formation of a crack with length L



ial tensile stress Fig. 14 shows the stresses acting on a domain with a crack par-
allel to the chain direction. There are two equal and opposing stresses, scos2q,
parallel to the chain direction and two equal and opposing stresses, ssin2q, nor-
mal to the chain direction. Furthermore, the domain is subjected to four shear
stresses, t=–ssinqcosq, causing a shear deformation of the domain parallel to
the chain direction. Hence two Griffith lengths for cracks parallel to the chain
axis can now be defined in a fibre, viz. one caused by the stress transverse to the
chain direction and one caused by the shear stresses acting on the domain.

First an expression of the Griffith length for the shear stresses is derived by
taking into account the shear strain energy of the domain. An elongated crack
is oriented parallel to the chains. Suppose the crack has a circular shape with
a radius q as shown in Fig. 15. Due to the formation of the crack the strain 
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Fig. 14 The four normal stresses and the four shear stresses acting on a domain resulting
from a tensile stress on the fibre. A crack is drawn parallel to the chain direction. The angle
in the loaded state between the domain axis and the fibre axis is q

Fig. 15 Initiation of fibre fracture by a crack oriented parallel to the chain direction in a 
domain. It is proposed that a circular crack with a radius q releases the strain energy in a
sphere around the crack with the same radius. Note that in this two-dimensional drawing
only the circular crack is shown in perspective



energy in a sphere with radius q around the crack has been released. If wg
S is the

surface energy of the crack, the energy to create the crack is given by

W1 = 2pq2wg
S (34)

In the case of a crack parallel to the chains the surface energy relates to the
cleavage of secondary bonds between the chains by the shear stress ssinqcosq.
The shear strain energy released by the sphere is equal to the product of the
volume of the sphere multiplied by the shear strain energy given by the second
term in Eq. 32. Thus

4pq3s 2g tan2Q
W2 = 998 (35)

3(2g + s)2

In fact at least this amount of strain energy is needed for the formation of
the circular crack with radius q. The total free energy contribution due to the
presence of the crack is

DW = W1 – W2 (36)

As shown in Fig. 16 the condition that the crack spreads is

∂DW
9 = 0 (37)
∂q
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Fig. 16 Graph of the strain energy W2, the fracture energy W1 and their difference, resulting
in the Griffith length LG

S. Cracks with sizes larger than LG
S will propagate in the fibre



which gives for the largest size of a crack that is not self-propagating

wg
S 4g      4 1

LG
S = 91 �5 + 4 + 4� (38)

tan2Q   s 2 s g

This equation shows that for increasing angle Q the Griffith length, LG
S , de-

creases.
In a similar way the Griffith length, LG

T, due to the strain energy caused by
the stress transverse to the chain direction can be derived

2wg
Te1 1 2 3

LG
T ≈ 931 �4 + 41 + 5� (39)

3tan4Q  s 2 gs 2g2

In this expression e1 is the modulus perpendicular to the chain axis and wg
T is

the work of fracture for the transverse tensile stress. Equation 39 demonstrates
that the Griffith length LG

T increases rapidly with decreasing orientation of the
chain angle Q.

Comparison of Eq. 38 with Eq. 39 indicates that, due to the difference be-
tween the angle-dependent factors, LG

T is likely to be considerably larger than
LG

S . Thus, for cracks parallel to the chain axis the Griffith length related to the
shear stress is more relevant to the fracture of polymer fibres than the Griffith
length related to the normal stress ssin2q. Furthermore it shows that a polymer
fibre with a broad orientation distribution is more prone to failure by cracks
than a fibre with a contracted distribution. This can explain the observation
made by Penning et al. mentioned in Sect. 1, that longitudinal size effects in
high-strength UHMW PE fibres become weaker as the modulus increases.

In conclusion, the initiation of fracture in a polymer fibre preferably occurs
in the domains in the tail of the orientation distribution. The reasons are:
(1) in these domains the local shear stress will exceed the critical shear stress
first, (2) the release of the strain energy is most effectively brought about by
fracture of these domains and (3) the Griffith length in these domains adopts
its lowest value.

2.5
The Polymer Fibre Considered as a Molecular Composite

The simple model presented in Sect. 2.2 results in an infinite strength for ori-
entation angles smaller than arctan(tb/2g).An improved theory for the strength
of polymer fibres is provided by the molecular composite approach as has been
suggested by Knoff [31]. He observed that the tensile fracture morphology of
aramid fibres is often highly fibrillated and analogous to that of a uniaxially ori-
ented fibre-reinforced composite that fails in tension via matrix shear failure
initiated at the fibre ends. Therefore the fibre will now be regarded as a mole-
cular composite of chains embedded in a matrix of secondary interchain
bonds. An expression for the fibre strength is derived from the expression for

The Tensile Strength of Polymer Fibres 27



the strength of a macrocomposite composed of parallel oriented and continu-
ous filaments in a matrix. Based on one of the best-known failure criteria, viz.
the maximum work theory, also commonly referred to as the Tsai–Hill crite-
rion, the strength of a macrocomposite scomp is given by

1 cos4q 1      1                            sin4q
9 = 91 + �4 – 5� sin2q cos 2q + 9 (40)
s 2

comp s2
L tb

2       s2
L s2

T

where sL is the longitudinal strength of the filaments, tb the shear strength of
the filament/matrix interface, sT the strength transverse to the filament direc-
tion and q the orientation angle of the filament relative to the stress direction
[34]. The strength values sL, sT and tb are considered to be the limiting stresses
of linear elastic behaviour. Equation 40 takes account of the interactions be-
tween the three failure stresses. In the macrocomposite model it is assumed that
the filaments are continuous, i.e. sL is the strength of the filament of which the
macrocomposite is composed.

The polymer fibre is considered to be composed of a parallel array of iden-
tical fibrils. A single fibril is a series arrangement of domains with a varying 
angle to the fibre axis described by the orientation function Ç(Q) in the un-
loaded state. The strength of a domain is supposed to be given by

1       cos 4q b 1       1                                 sin4q b
5 = 93 + �4 – 5� sin2q b cos 2q b + 92 (41)
sb

2               s2
L tb

2        s2
L s2

T

where qb is the angle of the chain axis at fracture given by Eq. 26, sL the strength
of the domain along the chain direction, tb the shear strength of interchain
bonding and sT the strength transverse to the chain axis. Thus, at a stress sb the
domains with an orientation angle qb will start to crack. When these cracks 
coalesce with cracks in neighbouring fibrils the local stress on the domains
with smaller orientation angles increases. Subsequently they will crack and as
a result the failure process in the fibre is initiated.

In analogy with a uniaxially oriented macrocomposite, it is now postulated
that the strength of the fibre can be approximated by the expression

1       �cos 4q b� 1       1                                 �sin4q b�
5 ≈ 95 + �4 – 5� �sin2q b cos 2q b� + 95 (42)
sb

2                 s2
L tb

2        s2
L s 2

T

where the average is taken over the orientation distribution at fracture Ç(qb).
For well-oriented fibres the term (sin4q)/sT

2 may be neglected. For a Gaussian
orientation distribution the following approximations can be made

�cos 4q b� ≈ 1 – 2�sin2q b� + 2(�sin2q b�)2

�sin2q b cos 2q b� ≈ �sin2q b� – 2(�sin2q b�)2 (43)

�sin4q b� ≈ 2(�sin2q b�)2
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In order to avoid intricate computations involving the calculation of the ori-
entation distribution at fracture, it is assumed that the orientation distribution
of the chains can be characterised by a single angle. This assumption excludes
the effects of the orientation distribution on the fibre strength as discussed 
in the previous section.Yet, we believe that for the derivation of general trends
this simplification is allowed. By applying Eqs. 26, 42 and 43 the strength can
be calculated as a function of the orientation parameter in the unloaded state,
and thus as a function of the initial modulus.

2.5.1
Ultimate Strength of a Fibre

As shown by Yoon the ultimate strength sL of a fibre composed of chains of
finite length, which are perfectly oriented along the fibre axis, is determined by
the strength of the intermolecular bonding [11]. Due to the finite length a shear
stress arises at the chain end which, upon exceeding a critical stress, causes
debonding of the chain from its nearest neighbours. This occurs at a stress 
that is much lower than the breaking strength of the chain itself. Hence the 
mechanical load transfer between polymer chains is through intermolecular 
interaction, which acts similar to that of a shear stress, and the fibre strength
is primarily governed by the intermolecular adhesion strength. Therefore, as
shown in Fig. 17, sL should be some function of the shear strength t0 and of the
chain length distribution.

As will be shown in Sect. 3, Yoon derived the following expression for the 
ultimate strength of a polymer fibre with long and parallel oriented chains of
finite length

2Vct0 3.1 · g
sL = 9 with m2 = 82 (44)

m ec

or
llecsL = 1.14 · t0�4 (45)
g

where t0 is the ultimate shear strength at which the chain separates from the
matrix and the separated interface does not support any load, Vc is the chain
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Fig. 17 The ultimate strength of a fibre with perfectly parallel oriented chains of finite
length is determined by the strength of the secondary bonding



volume fraction of the fibre and equal to 1, g is the modulus for shear between
the chains and ec is the chain modulus [11, 35]. As shown in Fig. 18, at a stress
sL the chain is pulled out from the surrounding matrix consisting of secondary
bonds.

Yoon assumed a constant shear modulus, t0=ggb=2gb; thus the corre-
sponding fracture energy is, according to Eq. 21, W0

S=t0
2/(2g). This results in the

following value of the ultimate strength

sL = 2.3 · bkllgec (46)

or in terms of the shear energy at fracture

(47)
sL = 1.6 · klllecWb

S

The estimate of the theoretical strength of a fibre based on the debonding
strength of the intermolecular bonds between the chains is given by Eqs. 45 and
46. It differs fundamentally from the estimate based on the breaking strength
of a single chain. The experimental value of the breaking strength of a Si–C 
covalent single bond is about 12 GPa [36]. Based on the enthalpy of dissociation,
the C–C and C–N bonds are of the same strength. As an example, the PpPTA 
fibre is chosen with ec=240 and g=2 GPa. A reasonable estimate of the critical
shear stress is 20% of g or t0=0.4 GPa, which yields sL=5 GPa. The present
strength of a PpPTA yarn with a modulus of 100 GPa is about 4 GPa. Compari-
son of these values with the breaking strength of a single chain strongly suggests
that shear failure initiates the fracture of the PpPTA fibre, although chain frac-
ture due to local stress concentration around impurities cannot be ruled out.

For an estimate of the ultimate shear strength, t0, of a single domain based
on the lattice parameters we use a simple shear plane system proposed by
Frenkel [19]. As shown in Fig. 19 it consists of a linear array of periodic force
centres resembling the polymer chain. According to this model the relation 
between the relative displacement x along the shear direction and the shear
stress is given by
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Fig. 18 The strength sL and the ultimate shear strength t0 for debonding of the chain from
the surrounding matrix consisting of secondary bonds
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Fig. 19 Shear plane system with periodic force centres spaced at a distance p along the shear
direction x and with an interplanar spacing dc according to the model of Frenkel [19]

x
t(x) = t m sin �2p3� 0 ≤ x ≤ p/4 (48)

p

where p is the periodic distance between the force centres along the shear 
direction. Thus

2ptm x
∂t = 91 cos �2p3� ∂x (49)

p p

For an interplanar spacing, dc, the shear angle in engineering notation is given
by ∂g=∂x/dc. As the shear modulus is defined by g=∂t/∂g, it follows that

2pdctm x
g(x) = 93 cos �2p3� (50)

p p

Hence, the shear modulus for small values of x is

2pdctmg = 93 (51)
p

Note that in this model g=0 for x=p/4. The shear energy, WS, for a shear dis-
placement x is given by

g pg x x  ∂x
WS(x) = ∫ tdg = 9 ∫ sin �2p3�4 (52)

0 2pdc 0     p   dc

or

p2g x
WS(x) = 91 �1 – cos �2p3�� 0 ≤ x ≤ p/4 (53)

4p2dc
2 p

The functions t(x) and WS(x) are depicted in Fig. 20. The maximum shear stress
tm, which occurs for x=p/4 or at a (maximum) shear strain of p/(4dc) is defined
as the ultimate shear strength t0

p
t0 = 9 g

2pdc (54)



(Note that due to the sinusoidal function of the shear stress in Frenkel’s model
tm≠ggb=gp/(4dc)). The corresponding maximum value of the shear energy, Wm

S ,
is given by

p2g
Wm

S = 91 (55)
4p2dc

2

From Eqs. 45 and 55 the ultimate strength is derived

0.57 · p
sL = 93 kllgec (56)

pdc

or in terms of the strain energy

sL = 1.14 · klllecWb
S (57)

The difference between Eqs. 47 and 57 results from the difference between
W0

S=t0
2/(2g) of Yoon’s model and Wm

S =tm
2 /g according to Frenkel’s model. In

terms of the critical shear strain gb=2b the difference between Eqs. 46 and 56
is small. As has been shown in Sect. 2.3, during tensile deformation of a real 
fibre the strain energy supplied by the tensile tester is mainly channelled into
the domains with the largest orientation angles. Therefore initiation of fracture
is localised in these domains. Fracture of these domains creates a crack, which
brings about an increase of the stress in the remaining part of the fibre, thereby
raising the fraction of domains in which the fracture condition is reached. So
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Fig. 20 Shear stress t and shear energy WS as a function of shear displacement x for a 
simple shear plane system



an acceleration of the crack-forming process takes place and fracture of the
whole fibre is initiated. Hence, the strain energy per unit mass Wb required 
to fracture a real polymer fibre will always be smaller than the maximum
debonding energy, W0

S or Wm
S , calculated for the single domain. In fact, the 

calculation of the theoretical strength based on the debonding energy, W0
S or

Wm
S , yields a value which refers to the complete separation of all chains in a per-

fectly ordered domain free of any impurities.
Impurities and flaws have a detrimental effect on the fibre strength. Due 

to shear stress concentrations at structural irregularities and impurities, the 
ultimate debonding stress t0 (~tm) or the critical fracture strain b may be 
exceeded locally far sooner than in perfectly ordered domains. Thus, during the
fracture process of real fibres the debonding from neighbouring chains occurs
preferably in the most disoriented domains and presumably near impurities.
At the same time, however, the chains in the rest of the fibre are kept under
strain but remain bonded together up to fracture.

Equation 54 shows that a large shear modulus does not necessarily mean 
a large debonding stress. Depending on the ratio p/dc it is very well possible 
in the Frenkel model to have a small shear modulus in conjunction with a
large debonding stress. But when the dimensions p and dc are kept constant,
Eq. 54 shows that the shear strength t0 is directly proportional to g. In the case 
of metals and inorganic solids the estimated ratio gb=t0/g varies from 0.1 to
0.25 [19].

So far we have employed in this discussion a critical shear stress as a crite-
rion for fibre fracture. In Sect. 4 it will be shown that a critical shear strain or
a maximum rotation of the chain axis is a more appropriate criterion when the
time dependence of the strength is considered.

The Frenkel model indicates that the shear planes play a crucial role in the
fracture process. The information on the most likely slippage or shear planes is
provided by the crystal structure. In Sect. 2.5.2 the structures of cellulose II,
PpPTA and PIPD-HT (M5-HT) fibres are considered. The periodicity of the
function describing the shear stress in the Frenkel model is the result of a crys-
talline perfection that extends over large distances compared to the dimensions
of p and dc. This regularity of the bonding between the shear planes reinforces
the bonding between neighbouring chains, which can be described as a co-op-
erative effect. Originally the Frenkel model was derived for metals and ionic
solids. In these materials the dimensions of p and dc are in fact the distances be-
tween neighbouring atoms. Therefore, they are several orders of magnitude
smaller than the size of the crystallites, which are usually larger than 1 mm. Thus,
in these materials the crystalline order is almost perfect compared to that in the
polymer fibres. The intrinsic imperfections in polymer fibres are due to the
chain length distribution and the flexibility of the chain. Also irregularities in
the chain conformation contribute to structural disorder. Therefore, the peri-
odicity of the sinusoidal function describing the shear stress in the Frenkel
model is likely to be disturbed to some degree by, for example, the chain ends
shown in Fig. 21.
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This raises the question how much the disorder will diminish the co-oper-
ative effect and therefore the strength of the interchain bonding. In other
words, how much is the critical shear stress influenced by the chain length 
distribution? Therefore, the application of the proposed equations for polymer
fibres requires some caution. The Frenkel model does not take into account the
chain length of the polymer. Presumably there is a relation between critical
shear strength and average chain length in the fibre.As there is no information
on the intermolecular or cohesive energy of polymer fibres and its dependence
on the average chain length, it is proposed to use the activation energy, Wa, for
creep in polymer fibres as an approximation of the maximum shear energy
Wm

S. This can be inferred from the observation of Wu et al. that the strength
values of PpPTA fibres obtained from a tensile test were considerably lower
than the values obtained from extrapolation of creep failure experiments [30].
Part of the deformation process in a rapid tensile test up to fracture involves
the (early) breakage of secondary bonds due to the stress concentrations around
flaws and impurities localised in the domains in the tail of the orientation dis-
tribution. In a creep experiment, however, relaxation of the stress concentrations
at structural inhomogeneities can take place. This might be considered as if a
tensile test is performed on a more perfect fibre.

Estimates of the ultimate shear strength t0 can be obtained from molecular
mechanics calculations that are applied to perfect polymer crystals, employing
accurate force fields for the secondary bonds between the chains. When the
crystal structure of the polymer is known, the increase in the energy can be cal-
culated as a function of the shear displacement of a chain. The derivative of this
function is the attracting force between the chains. Its maximum value repre-
sents the breaking force, and the corresponding displacement allows the cal-
culation of the maximum allowable shear strain. In Sect. 4 we will present a
model for the dependence of the strength on time and temperature. In this
model a constant shear modulus g is used, thus t0=ggb.
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Fig. 21 Schematic visualisation of interchain bonding in a domain of a polymer fibre. The
lines represent the chains with a length distribution and the dashed lines depict the inter-
chain secondary bonds. Chain ends prevent the formation of these bonds in their immedi-
ate surroundings



2.5.2
Estimates of the Shear Modulus, Shear Strength and Ultimate Strength 
of Cellulose II, PpPTA and PIPD-HT Fibres

In this section some estimates are given of g, t0 and sL using the lattice con-
stants of the crystal structures, the debonding energy Wm

S and results from the
molecular force field calculations. In principle, the estimated value for sL refers
to a fibre with perfect orientation of the chains parallel to the fibre axis and free
from impurities. As a lower bound for Wm

S the observed activation energy per
mole, Wa, obtained from creep measurements is used. It is also possible to 
calculate with Eq. 47 the ultimate strength sL based on the observed fracture
energy Wb. This so-called “observed” ultimate strength, sL

obs, is then the max-
imum strength of a domain in the real fibre corresponding to the observed
fracture envelope.

2.5.2.1
Cellulose II

In cellulose II with a chain modulus of 88 GPa the likely shear planes are the
110 and 020 lattice planes, both with a spacing of dc=0.41 nm [26]. The periodic
spacing of the force centres in the shear direction along the chain axis is the dis-
tance between the interchain hydrogen bonds p=c/2=0.51 nm (c chain axis).
There are four monomers in the unit cell with a volume Vcell=68·10–30 m3. The
activation energy for creep of rayon yarns has been determined by Halsey et al.
[37]. They found at a relative humidity (RH) of 57% that Wa=86.6 kJ mole–1, at
an RH of 4% Wa =97.5 kJ mole–1 and at an RH of <0.5% Wa=102.5 kJ mole–1.
Extrapolation to an RH of 65% gives Wa=86 kJ mole–1 (the molar volume of
cellulose taken by Halsey in his model for creep is equal to the volume of the
unit cell instead of one fourth thereof).

Two cases will be discussed, viz. the bone-dry cellulose II and the fibre con-
ditioned at 65% RH. For bone-dry cellulose the activation energy per unit vol-
ume, WS=Wa/(NAVcell), is 0.25 GJ m–3. Equations 55 and 54 give g=6.4 and
t0=1.27 GPa, respectively, with t0 being 20% of g. Measurement of the dynamic
modulus of a thoroughly dried highly oriented fibre (Fibre 1 in Fig. 8) at 20 °C
yielded 66 GPa, which results in an internal shear modulus of about 5 GPa [2, 5].
Equation 57 yields the ultimate strength sL=5.3 GPa. For conditioned cellulose
the activation energy per unit volume is WS=0.21 GJ m–3. Equation 55 results
in g=5.4 GPa, which lies somewhat above the range of 2.1–3.8 GPa determined
from measurements of the modulus at sonic frequencies of various cellulose II
fibres conditioned at an RH of 65%. Equation 57 yields sL=4.9 GPa.

The ultimate strength, sL
obs, of a conditioned fibre can be estimated using

the observed strain energy. The strain energy up to fracture of conditioned 
cellulose II fibres is 0.058 GJ m–3. From Eqs. 55 and 54 the values g=1.5 and
tb=0.42 GPa are derived, respectively. Equation 57 yields sL=2.6 GPa, which
should be compared with 1.7 GPa being the strength measured for Fibre 1 in
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Fig. 8 at an RH of 65%. This difference demonstrates the channelling effect of
the orientation distribution during a tensile test.

2.5.2.2
PpPTA

The weakest bonding in the crystal structure of PpPTA is the van der Waals
bonding between the hydrogen-bonded planes [38]. Hence, the most likely
shear plane is the 200 plane. However, one can argue that for the failure of
PpPTA fibres the hydrogen bonds between the chains also have to be broken.
Employing molecular mechanics and accurate force fields for hydrogen bonds,
Kooijman and Batenburg calculated a shear modulus of 4.07±0.07 GPa and a
fracture shear force of 0.23 nN for the hydrogen bond in a perfectly ordered
arrangement of PpPTA chains [38, 39]. The cross-sectional area of the hydro-
gen bond in PpPTA having an orthogonal unit cell with dimensions a=0.78,
b=0.52 and c (chain axis)=1.29 nm is equal to 1/2ac=0.50 (nm)2, yielding a
shear strength of t0=0.46 GPa. Applying the maximum shear strain of the
Frenkel model, gb=p/(4dc)=0.31, whereas according to Yoon’s approximation
gb=t0/g=0.11 is found. These values render some support for the estimate
t0≈0.2g. Equation 45 results in sL=4.7 GPa, which is larger than the highest ob-
served strength of 4.5 GPa. The observed strain energy of a PpPTA fibre is
about 0.1 GJ m–3, which results with Eq. 47 in sL

obs=7.8 GPa.
The observed range of the shear modulus varies between 1.5 GPa in fila-

ments of regular count to 3 GPa in microfilaments, which correlates with the
degree of orientation and crystalline perfection in the fibres [40]. Compared to
the theoretical value of the modulus of shear between two hydrogen-bonded
chains of 4.1 GPa, it indicates softening due to the van der Waals bonding 
between the hydrogen-bonded planes.

2.5.2.3
PIPD (or M5)

There are two shear plane systems in PIPD-HT, viz. the 110 and the 11–0 planes,
both having a lattice spacing of 0.32 nm [41–44].Assuming that the interchain
hydrogen bonds have to be broken at fibre fracture, the periodic distance of
these bonds along the shear direction is p=c/2, where c is the monomer length.
According to Hageman et al. a theoretical estimate of the total interchain bond-
ing energy per monomer is 1.57 eV or 152 kJ mole–1 [45]. As the volume of a
single monomer is 250·10–30 m3, the interchain energy per unit volume is
1.0 GJ m–3. So with dc=0.32 nm, p=0.6 nm and Wm

S=1.0 GJ m–3 Eq. 55 yields
g=11.4 GPa and with Eq. 54 t0=3.4 GPa, which is nearly 30% of g. With
ec=550 GPa Eq. 57 yields sL=27 GPa. As for these estimates, a theoretical value
for the interchain energy was used; the ultimate strength refers to debonding
of every single chain at the moment of fracture. Because lattice distortions and
inhomogeneities have little effect on the elastic constants, we conclude from the
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observed value for g, which varies between 5 and 7 GPa, that the theoretical
value of the interchain energy is probably too large by a factor of 2. The present
modulus of the PIPD-HT fibre is 300 GPa and the highest observed strength
6.6 GPa for a test length of 10 cm, thus Wb=0.094 GJ m–3. From Eq. 47 the 
ultimate strength corresponding with the observed tensile curve becomes
sL

obs=11.5 GPa.

2.5.3
Theoretical and Experimental Relations between Strength and Modulus 
of PpPTA, PBO, PIPD-HT, POK, Cellulose II and PET Fibres

By using the relation for the critical shear strength tb=2bg, Eqs. 10 and 46, and
the assumption that g �ec, it can be shown that for well-oriented fibres Eqs. 42
and 43 yield the following relation between the initial modulus and the
strength

1 1      b2 (2g + sb)2 (2g + sb)2

4 = 4 + 993 – 97 (58)
E      ec 2gsb

2 10.4g2ec

Figure 22 shows this theoretical relation between the strength and the modu-
lus of PpPTA fibres for three values of b.A rapid increase in strength of PpPTA
is observed in the modulus range 40<E<100 GPa; for higher moduli the strength
levels off. This approach does not take into account that during first loading of
the fibre, viscoelastic and plastic deformation contribute to the shear defor-
mation [1, 2, 6]. Therefore, a slightly different method has been applied for the
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Fig. 22 The strength versus the modulus curves of PpPTA fibres calculated with Eq. 58 for
three different values of the critical shear strain



calculation of the strength as a function of the modulus for a fibre with a sin-
gle orientation angle.With the estimates for sL and tb, the strength is calculated
for a series of fracture angles in the range 0≤qb<p/4 using Eqs. 42 and 43. Next,
the initial angle at zero load is obtained from Eq. 26, which permits calculation
of the initial modulus with Eq. 10.When the fibres show some viscoelastic and
plastic behaviour the shear modulus used in Eq. 26 is smaller (gv) than the value
for purely elastic deformation, g, applied in Eq. 10 for the calculation of the ini-
tial modulus. Figure 23 shows the results together with the experimental data
on PpPTA fibres. Most of the data closely follow the theoretical curve for
tb=0.37 GPa. The figure also illustrates the large effect of tb or b on the value of
the fibre strength.

The potential strengths of PBO and PIPD-HT (or M5-HT) fibres as a func-
tion of the modulus are shown in Figs. 24 and 25, respectively. Although there
may be a slight difference between the chain moduli of PBO and PIPD, for both
fibres ec=550 GPa was used in the calculations. This value is slightly higher than
the value of 496 GPa for the PIPD fibre found by Lammers, but it is equal to the
theoretical estimate [42–44]. The PIPD-HT fibre is in an early stage of devel-
opment. It is an exceptional polymer fibre because of its large value of g, which
results in a high compressive strength of 1.7 GPa, unrivalled by any other poly-
mer fibre [8, 42]. Lammers found values for g ranging from 5 to 7 GPa, which
presumably is the result of the bidirectional hydrogen-bonding system between
the chains [42, 43]. In the PBO fibre there are no hydrogen bonds or other
strong secondary bonds between the chains.

Theoretical estimates show that the p–p bonding and the other non-hy-
drogen-bonding energy contributions in the PIPD-HT fibre constitute about
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Fig. 23 PpPTA yarn data showing the relation between strength and modulus together with
the calculated curves
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Fig. 25 The strength versus the modulus curves for PIPD-HT (or M5-HT) fibres calculated
for three different critical shear stress values and the observed values

Fig. 24 The strength versus the modulus curves for PBO fibres calculated for three different
critical shear stress values and the observed strength of PBO (Zylon) given by the manufac-
turer

35% to the total interchain energy including the hydrogen bonds. This gives
some indication for the value of the internal shear modulus g in PBO.Attempts
to determine g yielded values between 1 and 4 GPa (unpublished results). Due
to the considerably lower value of g in PBO fibres as compared with PIPD-HT,
the increase in strength with the modulus occurs in PBO more rapidly than in
PIPD-HT. By using for tb a value equal to 20% of g we find in the case of PBO



for tb=0.4 GPa a tensile strength of 6.8 GPa at a modulus of 300 GPa, and in the
case of PIPD-HT for tb=1.2 GPa a considerably higher strength of 10.7 GPa at
a modulus of 300 GPa. On these grounds higher tenacities for PIPD-HT than
for PBO fibres are expected. The maximum observed filament properties at a
test length of 10 cm are E=330 and sL=6.6 GPa for PIPD-HT, and E=260 and
sL=7.3 GPa for PBO fibres.

Figures 26 and 27 present the modulus and strength as a function of the ori-
entation parameter sin2Q for the PpPTA, PBO and PIPD-HT fibres, assuming
a fibre with a single orientation angle. As the precise value of g for the PBO 
fibre is not known, we have taken the same value as for PpPTA. This enables us
to demonstrate the effect of the chain modulus on the modulus and the
strength of the fibres, in particular at medium values of the orientation para-
meter and for highly oriented fibres. For example, at an orientation parameter
value of sin2Q=0.028 the modulus and strength for a PpPTA fibre are E=84 and
sb=3.9 GPa, for PBO E=104 and sb=5.2 GPa, and for PIPD-HT E=241 and
sb=8.6 GPa.

When the orientation in the fibre is improved, yielding an initial orientation
parameter of sin2Q=0.006, the theoretical results are for the PpPTA fibre E=171
and sb=4.95 GPa, for PBO E=287 and sb=7.3 GPa, and for PIPD-HT E=431 and
sb=11.2 GPa. Thus, regarding the calculated modulus and strength the differ-
ence between PpPTA and PBO is due to the increase of the chain modulus from
240 to 550 GPa, whereas the difference between PBO and PIPD-HT is due to the
increase in g from about 1.8 to 6 GPa.

Figure 28 shows the observed relations between strength and modulus for
polyetherketone or POK yarns. The experimental data have been obtained from
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Fig. 26 The modulus as a function of the initial orientation parameter for PIPD-HT, PBO
and PpPTA fibres



yarns spun by two different processes, viz. melt spinning and gel spinning
[27–29]. Figure 29 shows these relations for cellulose II fibres. The experimen-
tal data are for single filaments taken from a single yarn bundle of cellulose II
spun from a liquid crystalline solution [26]. The data show a considerable
spread of the modulus of the individual filaments due to slight differences of
the effective draw ratio in the spinning process. Because the spread of the
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Fig. 27 The strength as a function of the initial orientation parameter for PIPD-HT, PBO
and PpPTA fibres

Fig. 28 The observed strength as a function of the initial modulus for a series of POK yarns
made by melt spinning and by gel spinning compared with the calculated curves
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Fig. 29 The observed strength as a function of the initial modulus of filaments taken from
a single yarn of cellulose II spun from a liquid crystalline solution compared with the 
calculated curves [26]

Fig. 30 The observed strength as a function of the modulus for high molecular weight PET
yarns made by Huang et al. compared with the calculated curves [46]

strength of these filaments is almost completely explained by the theoretical 
relation between modulus and strength, it can be concluded that the spinning
process is nearly optimised. Figure 30 shows the calculated curves and the 
observed data for PET fibres [46]. For these three different fibres the agreement
between the theoretical curves and the observed data is surprisingly good.



2.6
Relation between the Concentration of the Spinning Solution and the Strength

For the wet-spinning process of lyotropic solutions of polymers using air-gap
technology, Picken has derived a relationship between the modulus and the con-
centration of the spinning solution [47–51].As shown earlier in this chapter, an
increase of the modulus results in an increase of the strength of the fibre. Hence,
there should be a relationship between the strength and the concentration.
First the relationship between the chain orientation and the concentration of
the spinning solution is presented. The unoriented spinning solution is pic-
tured to consist of a randomly oriented collection of anisotropic domains, each
with an internal order parameter

3
�P2� = 1 – 4 �sin2Q� (59)

2

This equation describes the orientation around a common axis called the 
director of the domain. For perfectly parallel orientation �P2� equals 1. The 
orientation of the directors in the solution is described by the order parame-
ter PD. The overall orientational order of the anisotropic solution is given by

�4P2� = PD · �P2� (60)

During spinning the domains are oriented by shear flow just before and in the
spinneret, and by the elongational flow in the air gap. For high draw ratios it can
be shown that PDÆ1, with the result that the degree of orientation in the fibre
is approximately equal to �P2�, i.e. the internal orientational order in the do-
main. The internal order parameter �P2� is determined by the concentration of
the solution, the molecular weight, the persistence length of the chain and the
temperature of the coagulation bath. The relation between the internal order
parameter and the concentration of the spinning solution is derived from the
extended Maier–Saupe mean field theory and can be conveniently calculated
with an accuracy of about 1% using the equations

T 3     1/4

�P2� = 0.1 + 0.9 �1 – 0.99 �6� � for T > Tni (61a)
Tni

�P2� = 0 for T ≤ Tni (61b)

with

Tni ≈ Bca (62)

where Tni is the nematic–isotropic transition temperature in Kelvin, c the con-
centration in wt.% and T the temperature of the coagulation bath. For PpPTA
the parameters are B=76 K and a=0.66. The value 3 of the exponent in Eq. 61a
for the ratio T/Tni results from the extension of the theory to polymers and
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holds for the whole concentration and temperature range [48–51]. Figure 31
shows �P2� as a function of the concentration. Note that even for the maximum
possible concentration (c=20%) of the PpPTA solution at 20 °C the order pa-
rameter is 0.964 or �sin2Q�=0.024. This implies that the maximum value of the
fibre modulus that can be obtained by spinning (i.e. without post-drawing of
the fibre) is about 110 GPa, using g=2.5 and ec=240 GPa. Lowering the bath tem-
perature, increasing the molecular weight or applying a smaller spinneret that
diminishes the effect of orientation relaxation during coagulation will increase
this value. For example, for a bath temperature Tbath=1°C, while keeping the
other conditions unchanged, the order parameter calculated with Eq. 61a be-
comes 0.971, implying a maximum modulus of 124 GPa.

Similar to the calculation of the fibre strength as a function of the initial
modulus, we can now compute the fibre strength as a function of the concen-
tration of the spinning solution [51]. First the fibre strength is calculated for a
series of fracture angles qb using Eqs. 42, 43 and 45; next, the corresponding se-
ries of initial orientation angles is calculated with Eq. 26. Subsequently, the con-
centration is computed with Eqs. 59, 61a and 62. Note that in this simplified ap-
proach a single chain angle is used instead of an orientation distribution. The
result for PpPTA fibres is depicted in Fig. 32. This figure shows that in the con-
centration range cni<c<20% the strength of PpPTA fibres strongly depends on
the degree of chain orientation in the spinning solution, being a function of the
molecular weight, the persistence length of the polymer chain, the temperature
and the concentration of the spinning solution.

The proposed relation between the strength and the modulus of the fibre
and the relation between the degree of chain orientation and the concentration
of the spinning solution yield a relation between strength and concentration
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Fig. 31 The order parameter �P2� as a function of concentration for DABT and PpPTA



that can easily be tested. Figures 33 and 34 compare the theoretical curves be-
tween the strength and the concentration with the experimental data of PpPTA
and poly(p-benzanilide terephthalamide), or DABT, respectively. The data con-
firm that high-strength fibres are obtained by spinning at high concentrations
of the spinning solution. Figure 33 suggests that at high concentrations the 
orientational order of the PpPTA fibre improves, resulting in a higher critical
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Fig. 32 The calculated strength of PpPTA yarns as a function of the concentration. The
isotropic–nematic concentration is indicated by cni

Fig. 33 The observed data for PpPTA yarns showing the relation between the strength and
the concentration of the spinning solutions. Drawn lines have been calculated with Eqs. 26,
42, 43, 45, 59, 61a, 61b and 62



shear strength. The critical shear strengths applied in these calculations are
slightly lower than the values used in Fig. 23. They reflect the fact that these 
experimental data were obtained at an earlier stage of the process development.

3
Relation between the Ultimate Strength and the Chain Length 
Distribution

3.1
Theory

3.1.1
Introduction

The upper limit of the strength in the molecular composite model presented in
Sect. 2 is given by Yoon’s equation (Eq. 45) [11]. The strength model for polymer
fibres developed by Yoon is based on Piggott’s model of the strength of uniaxi-
ally oriented short-fibre-reinforced macrocomposites [35]. This shear lag model
provides good predictions of the strength of macrocomposites, including systems
containing low as well as high volume fractions of fibres.We briefly cite here the
general outline of Yoon’s model:“The fibres are considered an assemblage of fully
extended, rod-like polymer chains. The polymer chains are approximated as lin-
ear rods of infinite strength under tensile loads.The length of the polymer chains
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Fig. 34 The observed data for DABT yarns showing the relation between the strength and
the concentration of the spinning solutions. Drawn lines have been calculated with Eqs. 26,
42, 43, 45, 59, 61a, 61b and 62



follows the most probable distribution since these polymers were prepared by
condensation polymerisation.A macroscopic load is applied to both ends of the
fibre and the load is distributed on each polymer chain essentially by the action
of interchain forces. The interchain forces are relatively weak and the interchain
bonding breaks whenever the local interchain load exceeds a critical value.
Although it may not be rigorously justifiable to apply the macroscopic kinemat-
ics down to the molecular scale, the situation of the fibre closely resembles the
short-fibre composite with a debonding interface. Therefore, the theory is simi-
lar in development to the shear lag model of fibre-reinforced composites.”

In the macrocomposite model it is assumed that the load transfer between
the rod and the matrix is brought about by shear stresses in the matrix–fibre in-
terface [35].When the interfacial shear stress exceeds a critical value t0, the rod
debonds from the matrix and the composite fails under tension. The important
parameters in this model are the aspect ratio of the rod, the ratio between the
shear modulus of the matrix and the tensile modulus of the rod, the volume
fraction of rods, and the critical shear stress.As the chains are assumed to have
an infinite tensile strength, the tensile fracture of the fibres is not caused by the
breaking of the chains, but only by exceeding a critical shear stress. Further-
more, it should be realised that the theory is approximate, because the stress
transfer across the chain ends and the stress concentrations are neglected.
These effects will be unimportant for an aspect ratio of the rod L/d>10 [35].

For the transformation of the macrocomposite model to a molecular com-
posite model for the ultimate strength of the fibre the following assumptions
are made: (1) the rods in the macrocomposite are replaced by the parallel-
oriented polymer chains or by larger entities like bundles of chains forming 
fibrils; and (2) the function of the matrix in the composite, in particular the
rod–matrix interface, is taken over by the intermolecular bonds between the
chains or fibrils. In order to evaluate the effect of the chain length distribution
on the ultimate strength the monodisperse distribution, the Flory distribution,
the half-Gauss and the uniform distribution are considered.

It is assumed that all chains are oriented parallel to the fibre axis and that
equal parts of the fibre contain equal numbers of starting points of chains of
arbitrary length u. Thus the starting points are distributed homogeneously
along the length of the fibre. The length distribution of the chains is deter-
mined by the distribution function f(u) with

•
c0 ∫ f (u)du = 1 (63)

u0

where u0 is the length of the monomer in metres and c0 a normalisation constant
with dimension m–1. It is assumed that there are N homogeneously distributed
starting points per unit length of the fibre. So in a fibre part of length u there
are Nu starting points of chains. The number of chains, dn, with a length be-
tween u and u+du, follows from the length distribution function f(u)

dn = c0 Nuf (u)du (64)
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Each of these dn chains of length u passes through the cross section of the 
fibre and there are no other chains of length u that pass through this cross 
section. The total number of chains passing through a cross section is given by

•
M = c0 N ∫ uf (u)du = c0 Nua (65) 

u0

where ua is the average chain length.
At this early stage we present a modification of Yoon’s model by introducing

the crossing length distribution. This probability function h(u) of the lengths
of chains which pass through a cross section of the filament is defined by

c0 Nuf (u) u
h(u) = 96 = 4 f (u) (66)

M          ua

By means of Eq. 66 it is expressed that long chains have a larger probability to
cross a fibre cross section than short chains.Yoon does not make a distinction
between f(u) and h(u).

The number of chains M that pass through a cross section of the fibre can
be expressed in the chain volume Vc of the fibre. Let the cross section of a chain
be Ac, then the N starting points of chains per unit length of the fibre yield a
volume contribution c0NuaAc. The chain volume in a part of the fibre with
length L and cross section D becomes c0NuaAcL, which gives a chain volume
fraction

c0NuaAcVc = 95 (67)
D

Equations 65 and 67 yield

VcDM = c0Nua = 7 (68)
Ac

3.1.2
Forces Acting on the Chain

For a chain of length u which is bonded by means of intermolecular forces over
the complete length, the Piggott force model for the tensile stress s in the chain
as a function of the position y from the centre of the chain is given by

cosh(2ay/u0)s(y) = ece �1 – 994� for 0 ≤ |y| ≤ 1–2 u (69)
cosh(au/u0)

with ec the chain modulus, e the strain of the fibre and a=mu0(2r)–1 with r be-
ing the chain radius, m2=4g(Cec)–1, g the shear modulus of the matrix and
C=log{2p(Vckl3)–1} [11]. The shear stress t at the chain surface is given by
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sinh(2ay/u0)t(y) = 1–2 mece 994 for 0 ≤ |y| ≤ 1–2 u (70)
cosh(au/u0)

Figures 35 and 36 show s and t as a function of the distance y to the chain cen-
tre for completely bonded chains of 5, 10 and 15 monomeric units and a fibre
strain of e=0.02 calculated with Eqs. 69 and 70. The tensile stress s is symmet-
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Fig. 35 The tensile stress as a function of the distance y from the chain centre for chains
consisting of 5, 10 and 15 units and for a fibre strain e=0.02

Fig. 36 The shear stress as a function of the distance y from the chain centre for chains con-
sisting of 5, 10 and 15 units and for a fibre strain e=0.02



rical with respect to the chain centre and the maximum value smax is reached
halfway between the chain ends. The shear stress t is antisymmetric with re-
spect to the chain centre. The absolute maximum value tmax is reached at the
chain ends. The maximum values are given by

1
smax = ece �1 – 992� (71)

cosh(au/u0)

tmax = 1–2 mece tanh(au/u0) (72)

Apart from the fibre strain e all quantities in Eqs. 71 and 72 are material de-
pendent. As an example the functions smax and tmax are drawn in Figs. 37 and
38 for a=0.18, m=0.14 and e=0.02 and 0.03 with mece equal to 0.67 and 1.0,
respectively. Further, it is assumed that the critical (debonding) shear stress t0
equals 0.4 GPa. For these parameters Figs. 37 and 38 depict the maximum stress
and the maximum shear stress as a function of the relative chain length u/u0.
As can be seen in Fig. 38, the critical shear stress on a chain is not reached for
e=0.02, not even for long chain lengths. If the fibre strain is increased to e=0.03,
it can be found from Fig. 38 that only the chains with a length of six monomer
units (u/u0=6) or shorter are completely bonded. The chains longer than six
units are only bonded for three units to the left and three units to the right of
the chain centre. The maximum tensile stress in such a chain of six units equals
2.7 GPa, see also Fig. 37.

The average tensile stress for a completely bonded chain follows from

2 u/2 tanh(au/u0)sa = 3 ∫ s(y)dy = ece �1 – 992� (73)
u 0 au/u0
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Fig. 37 The maximum tensile stress at the chain centre
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Fig. 38 The maximum shear stress at the chain end

Examples of the average stress are shown in Fig. 35.
For partially bonded chains the tensile and shear stresses become

cosh(2ay/u0)s(y) = ece �1 – 9922� for 0 ≤ |y| ≤ 1–2 uc (74a)
cosh(auc/u0)

s(y) = 0 for 1–2 uc ≤ |y| ≤ 1–2 u (74b)

and
sinh(2ay/u0)t(y) = 1–2 mece 9922 for 0 ≤ |y| ≤ 1–2 uc (75a)
sinh(auc/u0)

(75b)
t(y) = 0 for 1–2 uc ≤ |y| ≤ 1–2 u

In Eqs. 74a, 74b, 75a and 75b the quantity uc equals the bonded length of the
chain. These relations are almost equal to Eqs. 69 and 70, except for the bonded
length uc which replaces the total length u. For all chains longer than uc the
stress models are identical to the models for length uc, and the remaining tails
of the chains are stress free because they are debonded. Figures 39 and 40 give
examples of the stress distributions for partially debonded chains for a fibre
strain of e=0.03. The average stress in a partially debonded chain is given by

uc tanh(auc/u0)sa = ece 4 �1 – 9922� (76)
u                 auc/u0

As remarked earlier, in the example of Figs. 37 and 38 all chains longer than six
units are partially debonded for a fibre strain of e=0.03. Figure 39 shows that
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Fig. 39 The tensile stress in a partially debonded chain as a function of the distance y from
the chain centre for chains consisting of 5, 10 and 15 units and a fibre strain e=0.03

Fig. 40 The shear stress on a partially debonded chain as a function of the distance y from
the chain centre for chains consisting of 5, 10 and 15 units and a fibre strain e=0.03

the stress distributions for a chain of ten units equals the distributions for a
chain of 15 units. Both chains behave as a chain of six units. The stress-free or
debonded ends on both sides of the chain are two units, respectively 4.5 units
long. The average tensile stress for a chain of 15 units is lower than that for a
chain of ten units because of the longer stress-free tails. For all chains in the 
fibre the shear stress has its maximum on the chain end. If a chain end is 



partially debonded the maximum is reached at the end of the bonded part, for
z=1/2uc. For all chains longer than uc this maximum is the same and equals t0
at the end of the bonded part

t0 = 1–2 mece tanh(auc/u0) (77)

Except for the fibre strain this critical debonding stress is thus a material 
constant. The starting points of the chains of length u which pass through a
certain fibre cross section are uniformly distributed over the fibre part of
length u left from the cross section. This means that the crossing point of
chain and fibre cross section is such that the left-hand-side length is uni-
formly distributed between 0 and u. The expected tensile stress in a chain
length u in the crossing point with the fibre cross section then equals sa, given
by Eqs. 73 and 76 for completely bonded and partially debonded chains,
respectively. Besides depending on the material parameters such as ec, a
and u0, the average tensile stress sa also depends on the chain length u, the 
fibre strain e and the bonding length uc. The last two quantities are coupled
by means of the material constant t0, so the fibre strain can be solved from
Eq. 77

2t0 1 
e = 5 993 (78)

mec tanh(auc/u0)

Substitution in Eqs. 73 and 76 gives

2t0 tanh(au/u0)sa = 995 �1 – 992� for u0 ≤ u ≤ uc (79a)
mtanh(auc/u0) au/u0

and

2t0 uc              tanh(auc/u0)sa = 9954 �1 – 9921� for u ≥ uc (79b)
mtanh(auc/u0) u auc/u0

3.1.3
Force in the Cross Section of the Fibre

The number of chains of length u which cross a certain fibre cross section is 
determined by the crossing length distribution h(u) defined in Sect. 3.1.1.
The tensile stress in a chain passing through a fibre cross section is calcu-
lated in Sect. 3.1.2. The force S per unit area in a cross section can be found
from

MAc  
•

S = 9 ∫ sah(u)du (80)
D u0
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As long as the fibre strain e is small enough, all chains are completely bonded
and sa is given by Eq. 73. Substitution gives

•             tanh(au/u0)S = Vcece ∫ �1 – 992�h(u)du (81)
u0 au/u0

If the chain lenght distribution f(u) of a polymer fibre is known, h(u) can be
determined. The monomer length u0 and the chain volume fraction Vc are also
known. The force S is proportional to the chain modulus ec and the fibre strain.
At a certain fibre strain given by Eq. 78, the shear stress on the ends of the
longest chains occurring in the chain lenght distribution reach the critical value
t0. For higher fibre strains the average tensile stress sa is given by Eqs. 79a and
79b, and the fibre force S per unit area becomes

2Vct0
uc tanh(au/u0)S = 9923 � ∫ �1 – 992� h(u)du

m tanh(auc/u0) u0 au/u0

•            tanh(auc/u0)+ ∫ �1 – 993� h(u)du	 (82)
uc         auc/u0

Note that the factor within brackets in the second integral is independent 
of the integration variable u. From Eq. 78 it can be seen that a higher value 
of the fibre strain e corresponds with a smaller value of the bonding length
uc. Such a smaller bonding length uc may give a larger fibre force S per unit
area, but this depends on the crossing length distribution h(u), and thus on the
molecular weight distribution. It is this particular distribution that determines
the contribution of the two different integrals in Eq. 82. If all material quan-
tities and fibre quantities (Vc, t0, m, u0, a and h(u)) are known, S is given as a
function of uc by means of Eq. 82. For a critical value of uc, which may be in-
finite, S reaches an absolute maximum Smax. This maximum equals the failure
stress sL, which can be determined in a tensile test of a fibre with chains par-
allel to the fibre axis; the corresponding value of uc is the critical bonding
length.

The most simple chain lenght distribution is the delta function or the
monodisperse distribution f(u)=d(u–ua).All chain lengths are equal to ua. The
maximum of S is reached just prior to debonding, i.e. for uc=ua

2Vct0 tanh(aua/u0)Smax = 9923 �1 – 994� (83)
m tanh(auc/u0) aua/u0

For a long average chain length ua, Eq. 83 can be approximated by

2Vct0Smax = 9 (84)
m
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The values of Smax given by Eqs. 83 and 84 are the same as those given by Yoon,
because h(u) equals f(u) for the monodisperse function [11].

3.2
Ultimate Strength for Various Chain Length Distributions

In the examples discussed in this section, the average chain length zn (or the 
average degree of polymerisation DP) expressed in the length of the monomeric
unit u0 is based on the number-average length given by

∫zf(z)dz
zn = 96 (85)

∫ f(z)dz

where z is the chain length in monomeric units (m.u.) and f(z) is the chain
length distribution.

The effect of the width of the distribution on the ultimate fibre strength, sL,
is calculated for the case in which the molecular weight distribution fw(z)=
zf(z)zn

–1 is a uniform distribution. The weight-average length of the distribution
fw(z) is defined as

∫zfw (z)dz
zw = 97 (86)

∫ fw (z)dz

Equation 82 is now rewritten in terms of z

2Vct0
zc tanh(az) •           tanh(azc)S = 99 � ∫ �1 – 96�h(z)dz + ∫ �1 – 97�h(z)dz	 (87)

m tanh(azc) 1 az zc         azc

where zc is the bonded length of the chain and

z (88)
h(z) = 4 f (z) = fw (z)

zn

3.2.1
Monodisperse Distribution

Before we discuss the relation between ultimate fibre strength and degree of
polymerisation (zn or DP), we first show that this model in fact describes the 
relation between the composite strength and the aspect ratio of the rod. In the
case of a monodisperse distribution, i.e. all rods or chains have the same dia-
meter 2r and the same length ua, the ultimate strength as a function of the 
aspect ratio b=ua(2r)–1 is given by

2Vct0 tanh(mb)
sL = 99 �1 – 97� (89)

m tanh(mb) mb
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A high mechanical anisotropy is characterised by a small value of m. Applica-
tion of the composite model to a fibre implies that Vc=1. For very long chains
or bÆ• Eq. 45 is derived

2t0
4ecsL = 5 = 1.14t0�4 (90)

m g

This expression has been used in Sect. 2. Figure 41 shows the strength as a
function of the aspect ratio for two values of the parameter m. For an aspect
ratio of 100 and m=0.16, the strength is 94% of its maximum value. Compari-
son of the curves shows that for the higher value of m the maximum value of
the strength is reached earlier than for the lower value of m, but a stronger me-
chanical anisotropy results for the same critical shear stress in a higher max-
imum strength. Thus, a high mechanical anisotropy is advantageous at long
chain lengths.

The most obvious building element in polymer fibres is the chain, but other
candidates should also be considered. For example, the fibre can be regarded
as a composite built up from fibrils. In fact, there are two extremes for the 
aspect ratio of the building or elemental rod, viz. on the one hand the length of
the average chain divided by its radius, and on the other hand the length of the
filament itself divided by its radius. In the latter case the diameter of the build-
ing rod equals that of the filament diameter, and the fibre or filament may be
considered as a polymer whisker. Hence, only in these two cases does one arrive
at the largest aspect ratio, viz. the average chain length ua with ua(2r)–1>100, and
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Fig. 41 Ultimate strength as a function of the aspect ratio of the building rod calculated for
two values of m. The shear strength is 0.4 GPa and Vc=1. For PpPTA fibres m≈0.16, using g=2
and ec=240 GPa
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Fig. 42 Ultimate strength sL of PpPTA fibre as a function of the degree of polymerisation
for a monodisperse distribution calculated for series of diameters 2r of the building element,
m=0.16 and for aspect ratios b=ua(2r)–1>10

the filament itself with a ratio of test length to filament diameter larger than
100. This suggests that the largest strength might be obtained when any fibril-
lar structure with cross-sectional diameters between the chain diameter and
the filament diameter is absent. So, if fibrils are present, they may take over the
role of the rod in the composite model and their aspect ratio may strongly 
affect the strength of the fibre, the fibril with the largest aspect ratio being the
chain itself.

In order to investigate, for a monodisperse distribution of the chain length, the
effect of the degree of polymerisation on the fibre strength we write Eq. 89 as

2Vct0 tanh(azn)
sL = 99 �1 – 97� (91)

m tanh(azn) azn

where the degree of polymerisation (DP) is given by zn=uau0
–1, and a=mu0(2r)–1

with u0 being the length of the monomer. Figure 42 shows the ultimate strength
of a PpPTA fibre as a function of the degree of polymerisation for various val-
ues of the diameter 2r, using ec=240, g=2, t0=0.4 GPa and u0=1.3 nm.As the rod
diameter decreases from a value of 10 nm, which is about two times the size of
a fibril in a PpPTA fibre, to the value of 0.5 nm pertaining to the cross section
of a single chain, the DP range for which the strength is nearly the maximum
value of the ultimate strength sL=2t0m–1 extends to lower values of the DP.
Figure 43 shows a graph of 10log(sL) versus 10log(DP). Depending on the di-
ameter, the initial part of the curves has a slope of about 0.6 to 0.9. All curves
asymptotically reach the value of 10log(2Vct0m–1).



3.2.2
Flory Distribution

Polymers prepared by a polycondensation reaction have the Flory distribution
for the chain length, which can be approximated by the function

1 z – 1
f (z) = 9 exp �– �9�� (92)

zn – 1 zn – 1

where z is the chain length expressed in the monomer length u0 and zn is 
the number-average chain length. Figure 44 shows an example of this distri-
bution. Compared to the half-Gauss and the uniform distribution, the Flory
distribution has more very short chains as well as more very long chains.
It can be shown that for the Flory distribution sL=Smax for zc Æ•, with the 
result that the second integral in Eq. 87 becomes zero. This leads to the 
following relation for the ultimate fibre strength as a function of the average
DP (=zn)

2Vct0 1   1  1 – e–2ay2a (zn – 1)

sL = 9 �1 – 6 ∫ 997 dy� for zn�(2a)–1 + 1 (93)
m azn 0  1 + e–2ay2a (zn – 1)

For the same values of ec, g, t0 and u0 as for the monodisperse distribution,
Figs. 45 and 46 show the results for the Flory distribution of chain lengths. The
curves start at degrees of polymerisation determined by zn=[(2a)–1+1].A com-
parison of Fig. 45 with Fig. 42 shows that, for a diameter equal to the chain di-
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Fig. 43 Double logarithmic graph of the ultimate strength of PpPTA fibre versus the degree
of polymerisation for a monodisperse distribution for various values of the diameter and for
m=0.16. Calculation for aspect ratios b=ua(2r)–1>10
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Fig. 44 Flory distribution, half-Gauss and uniform chain length distribution for an average
DP of 100 monomeric units (m.u.)

Fig. 45 Ultimate strength of PpPTA fibres versus the degree of polymerisation applying 
the Flory distribution of chain lengths for various values of the diameter 2r calculated 
with Eq. 93
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Fig. 46 Double logarithmic graph of the ultimate strength of PpPTA fibre versus the degree
of polymerisation applying a Flory distribution of chain lengths calculated with Eq. 93 for
various values of the diameter

ameter (2r=0.5 nm), there is a small difference between the curves calculated
for the Flory distribution and the monodisperse distribution. For increasing
rod diameter the Flory distribution results in a higher strength. As shown in
Fig. 43, the initial slope in the curves for a monodisperse distribution lies in the
range 0.6–0.9, which as shown in Fig. 46 is similar for the Flory distribution,
thus

sL µ (Mn)a with 0.6 < a < 0.9 (94)

where Mn (=zn) is the number-average molecular weight.

3.2.3
Half-Gauss Distribution

As an example of a distribution with a smaller number of long chains than the
Flory distribution, a half-Gauss distribution is chosen,

2 z – 1      2

f (z) = 95 exp �– �97� � (95)
p(zn – 1) klp(zn – 1)

as shown in Fig. 44. The strength versus the degree of polymerisation for
PpPTA fibres is presented in Fig. 47. A comparison with the results of Flory 
distribution presented in Fig. 45 shows that, only for large diameters and lower
average chain length, the strength for the half-Gauss distribution is smaller
than for the Flory distribution.



3.2.4
Uniform Distribution

To study the effect of the absence of long chains in the distribution the uniform
distribution is chosen:

1
fl (z) = 95 for 1 ≤ z ≤ 2zn – 1   (96a)

2(zn – 1)

fl (z) = 0 else (96b)

The results for the PpPTA fibres calculated for this distribution are shown in
Fig. 48. For the smallest diameter 2r=0.5 nm there is, over practically the whole
range of the average chain length, no difference with the other chain length dis-
tributions. With increasing diameter the strength of the uniform distribution
becomes progressively smaller than the strength calculated for the Flory dis-
tribution. However, for large values of the average chain length the difference
diminishes. Considering the large difference in shape of the chain length dis-
tribution selected for the calculation of the ultimate strength curves, the effect
on the strength is relatively small.

For investigation of the effect of the width, w, of the distribution on the ul-
timate fibre strength the uniform chain distribution function is chosen. As in
experiments often only the molecular weight distribution fw(z)=zfl(z)zn

–1 is 
determined, we used a uniform molecular weight distribution with a width w
defined as
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Fig. 47 Ultimate strength of PpPTA fibres versus the degree of polymerisation applying a
half-Gauss distribution of chain lengths for various values of the diameter 2r
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Fig. 48 Ultimate strength of PpPTA fibres versus the degree of polymerisation for a uniform
distribution of chain lengths for various values of the diameter 2r and with 1≤z≤2zn–1

Fig. 49 Effect of the width of a uniform chain length distribution on fibre strength. The
width of the block w is centred at the end of the value of the molecular weight, expressed as
the length of the monomeric unit. For example, for the point on the curve zw=100 m.u. and
12.5wzw

–1=20, it means that the total block width w=160 m.u.; hence, the range of the distri-
bution, which is centred at zw=100 m.u., is from z=20 up to z=180. Note that for a uniform
distribution zw=zn



1
fw (z) = 3 for zw – 1–2 

w < z < zw + 1–2 
w (97a)

w

fw (z) = 0 else (97b)

for the calculation of the effect of the width of the distribution. Figure 49 shows
the results of the strength as a function of the relative width, wzw

–1, for the 
rod diameter 2r=10 nm. For example, for the point in this figure positioned on 
the line zw=100 m.u. with an “x” coordinate of 12.5wzw

–1=5, the width equals
w=40 m.u. yielding the distribution range 80<z<120 and the fibre strength is
2.69 GPa. For the point on the line zw=100 m.u. with an “x” coordinate of
12.5wzw

–1=15, the width equals w=120 m.u. yielding the distribution range
40<z<160 and the fibre strength is 2.52 GPa. A relatively small decrease in
strength is calculated with increasing width of the distribution, while the 
average molecular weight is kept constant.Apparently, the detrimental effect on
the strength due to an increase of the fraction of short chains in wider distri-
butions is almost compensated by the simultaneous increase of the fraction of
long chains. However, for smaller rod diameters (not shown) the effect becomes
less pronounced and almost disappears for 2r=0.5 nm.

3.3
Effect of Low Molecular Weight Fraction on Fibre Strength

All computations so far have been performed with the full width of the chain
length distributions, i.e. chains with aspect ratios L/d<10 have also been in-
cluded. However, the effects of stress transfer across chain ends and the stress
concentrations may become important below this aspect ratio. In the theory by
Yoon these effects are neglected. In particular, for the Flory distribution con-
taining a relatively large proportion of very short chains, the effects may 
be considerable. Therefore, calculations are performed in which the negative 
effect of the very short rods is approximated by assuming that for an aspect 
ratio L/d≤4 the contribution of these rods to the strength is set to zero.

The Flory distribution depicted in Fig. 44 has a large fraction of very short
chains, which suggests that elimination of this part of the chain length distri-
bution may have a strong positive effect on the fibre strength. However, there
are two reasons why the effect of very short chains on the strength is very small
indeed. Firstly, the maximum stress at the centre of the chain in short chains is
much smaller than in long chains; thus, short chains contribute relatively less
to the fibre strength than long chains. Secondly, the important distribution for
the determination of the strength is the crossing length distribution, which is
the number of chains of each length crossing a given fibre cross section. This
distribution is given by the function

zf (z)
h(z) = 8 (98)

zn
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By means of Eq. 98 it is expressed that long chains have a larger probability to
cross a fibre cross section. In the paper by Yoon no distinction is made between
the chain length distribution f(z) and the crossing length distribution h(z). In
the latter distribution, short chains have little effect on the strength. As an 
example the strength has been calculated for a Flory distribution in which all
rods with an aspect ratio L/d≤4 have been eliminated, but they were still in-
cluded in the calculation of the average degree of polymerisation. Comparison
of Fig. 50 with Fig. 45 shows that only for the largest diameter 2r=10 nm is there
a slight difference for small values of zn.

The model is applied to calculate the effect of the low molecular weight frac-
tion on the strength using the experimental molecular weight distributions of
PpPTA polymer samples. Table 1 presents the experimental data of the key 
parameters of three samples of PpPTA polymer with different distributions,
while Fig. 51 presents the experimental distribution of one of the samples. With
a computer program that is based on the model by Yoon and that takes account
of the crossing length distribution, the number-average molecular weight and the
ultimate fibre strength were calculated, using the molecular weight distributions
derived from the experimental distributions. In a similar way the average mole-
cular weight and ultimate fibre strength have been calculated for each of the three
distributions after the low molecular fraction was eliminated. The distributions
were cut off at Mw≤6,200 or for a DP≤26. Table 2 shows that elimination of the low
molecular weight fraction yields a considerable increase of the number-average
molecular weight (zn). The increase of the ultimate strength by this elimination
is less dramatic and strongly depends on the aspect ratio of the elemental build-
ing block. In the case where the chain itself is the elemental building block, the
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Fig. 50 The ultimate strength for a Flory distribution in which rods with an aspect ratio
L/d≤4 do not contribute to the strength



effect of the elimination of the low molecular weight fraction is rather small,
viz. for zn=48 the strength increases from 4.76 to 4.88 GPa or 2.5%. In the case of
fibrils with a diameter of 5 nm and a length equal to 59 monomers or 77 nm the
effect is more substantial, viz. 7.6%. For large rod diameters some caution is 
required as the model holds only for aspect ratios ua/(2r)≥10.

A few experimental results on the relation between strength and the molecu-
lar weight have been reported. Figure 52 shows for low viscosity values a clear re-
lation between inherent viscosity and strength of PpPTA yarns [53]. In Table 2 the
ultimate fibre strength is given on the basis of Yoon’s model for the three PpPTA
polymer samples listed in Table 1, using the observed distributions of these poly-
mers measured by size-exclusion chromatography.Comparison of the differences
between the calculated strength as a function of the chain length in Table 3 with
the observed strength indicates that the chain is the elemental building block.
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Fig. 51 The experimental curve of the molecular weight distribution of a PpPTA polymer
dissolved in sulphuric acid determined with size-exclusion chromatography. The relation 
between molecular weight and retention time t (in minutes): 10log(Mw)=0.345–0.1321 t. The
position of the vertical line at t=42 min corresponds with Mw=6,200

Table 1 Key parameters of the molecular weight distribution for three samples of PpPTA
polymer from which yarns have been spun. Mz is the z-average molecular weight [52]

Sample Mn Mw Mz % Material
Mw≤6,200

QCX 9906-06 11,500 33,400 55,000 12.1
QCX 9903-09 13,800 42,200 68,000 8.9
QCX 9905-16 15,200 45,700 72,000 7.8
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Fig. 52 The strength of PpPTA fibres as a function of the inherent viscosity [53]

Table 2 Results of the calculated effect of the low molecular weight fraction on the ultimate
fibre strength for the three PpPTA polymer samples listed in Table 1. The constants used in
the calculation are ec=240, g =2, t0=0.4 GPa and u0=1.3 nm.The maximum ultimate strength
for infinite long chains using these constants is 5 GPa

Sample zn Strength (GPa) versus rod diameter 2r (nm)

10 5 2.5 0.5

QCX 9906-06 48 2.59 3.42 4.04 4.76

QCX 9906-06  96 2.91 3.80 4.38 4.88
Mw≥6,200

QCX 9903-09 59 2.92 3.68 4.22 4.81

QCX 9903-09  112 3.17 3.96 4.47 4.89
Mw≥6,200

QCX 9905-16 64 3.03 3.77 4.28 4.82

QCX 9905-16  119 3.26 4.02 4.50 4.90
Mw≥6,200



3.4
Theoretical Effect of Molecular Weight on the Modulus

In the preceding section we discussed the effect of the molecular weight on the
ultimate strength. There may also be another explanation for the increase in
strength with increasing molecular weight. Increasing the average chain length
may improve the degree of orientation in the domains of the anisotropic solu-
tion, which results for the same stretch ratio in a higher modulus leading to an
increase in fibre strength. To estimate the effect of the molecular weight on the
orientation, modulus and strength of PpPTA fibres, the model by Picken is 
applied [47–51]. The modulus is related to the degree of orientation by:

1      1      �sin2Q�E
3 = 4 + 95 (99)
E      ec 2g

The orientation in the model is described in terms of the order parameter �P2�,
so the relation between �P2� and �sin2Q� is required:

�sin2Q� = 2–3 (1 – �P2�) (100)

Note that only for a high degree of orientational order, as is normally the case
for spinning conditions, can the approximation �sin2Q�E≈�sin2Q� be used.Also,
in the case of high orientational order the �P2� value is given to a good ap-
proximation by

T  3

�P2� = 1 – 0.22 �5� (101)
Tni

where T is the temperature at which the orientational order is frozen in. There-
fore in this model, the effect of molecular weight can only occur via the clear-
ing temperature Tni. To estimate the effect of Mw on Tni the following relation
is used

kBTni = 0.22 · z* c2L2
d (Tni) (102)
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Table 3 Comparison of the ultimate strength sL calculated with Yoon’s model with the 
observed fibre strength (see Table 2)

Sample/fibre zn Calculated strength (GPa) versus rod Observed 
diameter 2 r (nm) strength 

(GPa)
10 5 2.5 0.5

QCX 9906-06 48 2.59 3.42 4.04 4.76 3.60
QCX 9903-09 59 2.92 3.68 4.22 4.81 3.66
QCX 9905-16 64 3.03 3.77 4.28 4.82 3.81



where kB is the Boltzmann constant and z* is a constant determining the 
absolute temperature scale.As shown by Eq. 102, in the extension of the Maier–
Saupe model to polymer solutions the strength of the potential contains the
polymer concentration c (which is constant in the present case) and the con-
tour projection length Ld(T). The contour projection length is the average
length of the projection of the worm-like chain along the direction of the first
segment and is given by

LCT
1 – exp �– 9�LPTPLd (T) = LP 9973 (103)

T/TP

Here, LC is the contour length, LP is the persistence length and TP the temper-
ature at which LP is measured. The contour projection length determines
whether we are dealing with rod-like polymer chains (for low Mw or LC<LP) or
with Gaussian coils (for high Mw, LC>LP). In the first case Ld(T) is nearly inde-
pendent of T and is just the end-to-end length of the rod, whereas in the sec-
ond case Ld(T)≈LPTP/T, which is just the persistence length at temperature T
(LP=29 nm at TP=20 °C=293 K). Therefore, to estimate whether the molecular
weight influences the degree of orientation via a change of Tni we only have to
investigate if there is a difference in the value of Ld(Tni). It can now easily be
seen that such an effect for PpPTA is not to be expected. If for instance we take
Mw=35,000, then the contour length LC=Mwu0/(mole)=35,000·12.8/238=188 nm.
The clearing temperature of a 20% (w/w) solution will be about 290 °C (560 K)
using the expression Tni=76·c0.66, and we will take the spinning bath temper-
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Fig. 53 The sonic modulus as a function of the number-average molecular weight for a 
series of experimental PpPTA yarns with different molecular weights specified in Table 4



The Tensile Strength of Polymer Fibres 69

Table 4 The molecular weight, sonic modulus and strength of experimental PpPTA yarns.
The molecular weight of a single monomer is 238

Fibre sample Mn Mw Mz Eson(GPa) sb(GPa)

QCX 9903-06 11,000 34,700 58,000 87.3 3.60
QCX 9903-07 11,700 36,900 61,000 88.5 3.71
QCX 9903-08 12,600 39,200 64,000 92.1 3.59
QCX 9903-09 13,800 42,200 68,000 94.8 3.66
QCX 9905-16 15,200 45,700 72,000 99.1 3.81
QCX 9906-06 11,500 33,400 55,000 98.1 3.58

ature as T=20 °C. Filling this into the expression for Ld(T) shows that the 
exponential term is in the order of 6·10–6, so that there is a negligible effect on
the clearing temperature for this range of molecular weight. The molecular
weight will only start to have a noticeable influence when the argument of the
exponential term is about –3 or when LC is about 1.5LP or less (e–3=0.05,
TniTP

–1≈1.9), which occurs for Mw£8,400 amu or hrel.£1.7. In the above argu-
ments we have avoided calculating Tni consistently from Eq. 102 as this only
complicates matters without yielding any further insight. The conclusion of
this exercise is that the molecular weight is not expected to have any effect on
the orientation for the present Mw range of 35,000–45,000 via a change in the
orientational order of the spinning solution. The remaining mechanism for 
influencing the modulus with the molecular weight would be via the rate of
elongational flow in the drawing process. However, in the case of high align-
ment at high polymer concentrations the additional effect of flow can be ne-
glected. This is confirmed by the experimental observation that there is little
or no effect of the absolute spinning rate on the fibre modulus.

Spinning experiments, however, present a different picture as shown in
Table 4, which lists the results for PpPTA yarns with different molecular
weights. Surprisingly, as shown in Fig. 53, there is a very strong correlation be-
tween the sonic modulus and Mn. Furthermore, there is a positive correlation
between strength and Mn, and hence also between strength and modulus.
Therefore, it seems likely that the increase in strength is caused by the increase
in modulus as predicted by the model discussed in Sect. 2. Probably the degree
of molecular alignment may slightly increase with increasing molecular weight,
due to the increased elasticity of the solution and the applied elongational flow
in the air gap of the spinning process of liquid crystalline solutions [51]. The
observed change in modulus (from 87 to 99 GPa) indicates that the change in
the �P2� values is about 0.9618–0.9544=0.0074. This is, of course, only a minor
change, which is why these effects were not included in the model, but it is
clearly an important factor in spinning technology where a small rheological
change can have a large effect.



3.5
Conclusions

The few observations seem to indicate that the dependence of the fibre strength
on the chain length is stronger than the dependence of the ultimate strength on
the chain length as calculated with the molecular composite model. The calcu-
lations for different kinds of chain length distributions show that for a rod di-
ameter equal to the chain diameter, and for a perfectly parallel-oriented 
fibre, an increase of the ultimate strength of only 4% is obtained for a DP in-
crease from 50 to 200. Hence, an increase of Mn (=zn) from 48 to 65 as shown in
Table 3 should hardly give any increase of the strength in PpPTA fibres.Yet, the
observed strength increases from 3.6 to 3.81 GPa or by 5.8%. Therefore, it 
appears that the “translation”of macrocomposite parameters to molecular com-
posite parameters is not without difficulties. Except for the rather complicated
model of Termonia, Smith and Meakin, there is presently no other model that
gives an estimate of the chain length dependency on the fibre strength [12, 13].

The calculation of the strength for various aspect ratios shows that the fibre
strength should benefit from a finer morphology. As shown in Sect. 5 this can
be achieved, for example, by spinning smaller filament counts. When the ob-
served increase of the fibre strength is larger than the value estimated on the
basis of the increase of DP, the model also suggests that the diameter of the rod
or the building block in a real fibre might be considerably larger than the chain
diameter. In this case the function of the rod is probably taken over by fibrils.
In more general terms, a considerable change in molecular weight may result
in a change of certain micromorphological aspects that can influence the fibre
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Fig. 54 Ultimate strength of PpPTA versus the degree of polymerisation for a rod diame-
ter of 0.5 nm. Comparison of the results calculated for the Flory, the half-Gauss and the uni-
form distributions
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Fig. 55 Ultimate strength of PpPTA versus the degree of polymerisation for a rod diame-
ter of 10 nm. Comparison of the results calculated for the Flory, the half-Gauss and the uni-
form distributions

strength. For example, the chain length distribution might also influence the
morphology during coagulation. As longer chains have lower diffusion veloc-
ities, the cross section of the aggregates formed by long chains during coagu-
lation may be smaller than for shorter chains, resulting in a finer morphology
with higher aspect ratios. This argument also suggests that a smaller filament
diameter may lead to a finer morphology. Of course, in this discussion it is 
assumed that the increase in molecular weight will not alter the modulus of the
fibre.

The model demonstrates that very short chains have little effect on the fibre
strength.As shown by Fig. 54, the effect of the shape of the chain length distri-
bution for a rod diameter of 0.5 nm (equal to the chain diameter) is relatively
small. For much thicker rods, 2r=10 nm, Fig. 55 shows that the differences 
between the various distributions extend to high degrees of polymerisation.
Because the effect of very short chains on the fibre strength is found to be very
small, the result that the Flory distribution yields the highest strength is solely
due to the very long chains in this distribution. The calculation shows that a
clear effect of the width of the distribution is only found for large rod diame-
ters or small aspect ratios.

By applying the model to experimental molecular weight distributions we
have shown that elimination of the low molecular weight fraction yields a con-
siderable increase of the DP. The calculated increase in strength is rather small
and strongly depends on the aspect ratio of the elemental building block.
Finally, it cannot be ruled out that the improvement of the fibre strength by the
increase of the average chain length might be explained by a slight change of
the rheological behaviour of the solution during spinning.



4
Dependence of the Fibre Strength on the Time and the Temperature

4.1
Introduction

In the previous sections the theoretical relations describing the strength of a
polymer fibre as a function of the intrinsic parameters, such as the chain mod-
ulus, the modulus for shear between adjacent chains, the orientation distribu-
tion and the chain length distribution, have been discussed. In this section the
dependence of the strength on the time and the temperature will be investi-
gated.

According to the continuous chain model the elongation of a polymer fibre
is brought about by the elastic extension of the chain determined by the cova-
lent bonds, and by the viscoelastic shear deformation of the domain being the
building block of the fibre. This shear deformation is governed by the sec-
ondary bonds between the chains [1–10]. Due the nature of this bonding the
strength of a polymer fibre is a function of the test speed or time and of the
temperature. In a creep failure experiment a fibre is loaded to a constant stress
sb and the time-to-failure tb is measured. The observed lifetime relation for
many polymer fibres is

log(tb) = C1 – C2sb (104)

in which the parameters C1 and C2 are a function of temperature. Because in 
a creep failure experiment the creep stress is lower than the fibre strength 
determined in a normal tensile test, this relation cannot be explained by a 
failure criterion based on a constant critical shear stress.

An understanding of the mechanism of creep failure of polymer fibres is 
required for the prediction of lifetimes in technical applications. Coleman 
has formulated a model yielding a relationship similar to Eq. 104. It is based on
the theory of absolute reaction rates as developed by Eyring, which has been
applied to a rupture process of intermolecular bonds [54]. Zhurkov has 
formulated a different version of this theory, which is based on chain fracture
[55]. In the preceding sections it has been shown that chain fracture is an 
unlikely cause for breakage of polymer fibres.

The structural picture of the Coleman model is that in a fibre under a load,
the slippage of adjacent and more or less parallel oriented chains reduces the
stress transfer between the chains as time progresses. This creep rupture
process continues as long as the interchain bonding is strong enough to sustain
the load.At a critical or minimum overlap the fracture process is initiated and
results in the failure of the fibre. This assumption is equivalent to stating that
there is a critical amount of distortion that the microscopic structure can tol-
erate before the bonding or the activation energy U rapidly decreases to zero
and a catastrophic breakdown occurs. Coleman found evidence for this hy-
pothesis in the observation that the elongation at break eb is far less sensitive
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to the rate of loading than the tensile strength. In addition, the hypothesis is
also supported by the observation that a short loading at a stress slightly below
the tensile strength of a polymer fibre does not lower the strength.

In view of the development of the continuous chain model for the tensile 
deformation of polymer fibres, we consider the assumptions on which the
Coleman model is based as too simple. For example, we have shown that the 
resolved shear stress governs the tensile deformation of the fibre, and that the
initial orientation distribution of the chains is the most important structural
characteristic determining the tensile extension below the glass transition tem-
perature. These elements have to be incorporated in a new model.

As shown in Sect. 2, the fracture envelope of polymer fibres can be explained
not only by assuming a critical shear stress as a failure criterion, but also by a
critical shear strain. In this section, a simple model for the creep failure is pre-
sented that is based on the logarithmic creep curve and on a critical shear strain
as the failure criterion. In order to investigate the temperature dependence of
the strength, a kinetic model for the formation and rupture of secondary bonds
during the extension of the fibre is proposed. This so-called Eyring reduced
time (ERT) model yields a relationship between the strength and the load rate
as well as an improved lifetime equation.

4.2
Simple Derivation of the Lifetime of a Polymer Fibre under Constant Load

The resolved shear stress |t|=ssinqcosq brings about a relative displacement of
adjacent chains as shown in Figs. 56 and 57. As has been argued in Sect. 2.1,
shear failure is a much more likely cause for fibre fracture than chain scission.
This failure mode is in agreement with the observation that fibres having no
melting temperature show a fibrillar fracture morphology. However, the frac-
ture criterion involving shear failure does not exclude the possibility of chain
scission, which may occur in the final stages of the fracture process.

Before we enter upon the discussion of the lifetime of a polymer fibre, a brief
presentation is given of the creep theory of polymer fibres according to the con-
tinuous chain model [7–10]. The total fibre strain is given by the sum of the
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Fig. 56 The effect of the four shear stresses on the shape of the domain AA¢BB¢. In the 
unloaded condition the chain direction is parallel to AB. The shear angle equals e13=1/2g



contributions from the chain extension and from the chain rotation due to the
shear deformation of the domain

s �cos2q�     �cosq� – �cosQ�
ef = 96 + 999 (7a)

ec cosQ

where Q is the initial orientation angle of the chain axis at zero load, q the 
angle at a stress s and ec the chain modulus. The viscoelastic properties of a
polymer fibre are well described by the schematic rheological model depicted
in Fig. 58. It consists of a series arrangement of a “tensile” spring with pure elas-
tic properties representing the chain modulus, and a “shear” spring with vis-
coelastic properties characterising the shear deformation of the domain. The
fibre modulus is given by

1        1    �sin2q(t)�E
7 = 3 + 99 (105)
E(t)     ec   2g(t)

Because of the viscoelastic nature of the polymer fibre the modulus is a func-
tion of the rate of measurement, which is indicated by E(t). We might as well
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Fig. 57 Due to the shear deformation of the domain, the relative displacement of two 
adjacent chains equals x=dctang, dc being the distance between the chains

Fig. 58 The rheological model of a polymer fibre consists of a series arrangement of an 
elastic “tensile” spring representing the chain modulus, ec, and a “shear” spring, g(t), with 
viscoelastic and plastic properties representing the intermolecular bonding



have written E(n), as the time dependency also implies a frequency dependency.
Whereas the covalent bonds provide the chain with purely elastic properties, the
viscoelasticity of polymer fibres has its origin in the intermolecular bonding 
indicated by the time- or frequency-dependent function of the shear modulus
g(t) or g(n).

During the creep of PET and PpPTA fibres it has been observed that the
sonic compliance decreases linearly with the creep strain, implying that the ori-
entation distribution contracts [56, 57]. Thus, the rotation of the chain axes dur-
ing creep is caused by viscoelastic shear deformation. Hence, for a creep stress
larger than the yield stress, sy, the orientation angle is a decreasing function of
the time. Consequently, we can write for the viscoelastic extension of the fibre

s �cos2q(t)�     �cosq(t)� – �cosQ�
ef (t) = 992 + 9994 (106)

ec �cosQ�

In order to simplify the discussion and keep the derivation of the formulae
tractable, a fibre with a single orientation angle Q is considered. In a creep ex-
periment the tensile deformation of the fibre is composed of an immediate
elastic and a time-dependent elastic extension of the chain by the normal stress
scos2q(t), represented by the first term in the equation, and of an immediate
elastic, viscoelastic and plastic shear deformation of the domain by the shear
stress, |t|=ssinq(t)cosq(t), represented by the second term in Eq. 106.

The total contribution of the shear strain to the fibre strain is the sum of the
purely or immediate elastic contribution involving the change in angle,
Dqe=q0–Q, occurring immediately upon loading of the fibre at t=0, and the
time-dependent or viscoelastic and plastic contribution Dq(t)=q(t)–q0 [7–10].
According to the continuous chain model for the extension of polymer fibres,
the time-dependent shear strain during creep can be written as

t(t)      j(t)t(q 0)e13 (t) = tan(q(t) – Q) ≈ 6 + 96 (107)
2g 2

where t(qo)=–ssinq0cosq0 is the shear stress at t=0, t(t)=–ssinq(t)cosq(t) and
j(t) is the creep compliance. The second term in Eq. 107 yields the viscoelastic
contribution to the fibre strain

ef
v (t) = 1–2 j(t)tn (108)

where tn is the normalised shear stress given by

1      1           s
tn = 2g �3 – 4�96 (109)

E     ec s  3

�1 + 5�2g

Figure 59 shows that the creep rate calculated as a function of the modulus us-
ing Eqs. 108 and 109 agrees well with the experimental data of a series of PpPTA
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yarns. This creep model has been confirmed for PpPTA fibres up to a stress of
2 GPa [7].

It can now be proposed that a maximum shear strain is a good fracture 
criterion for polymer fibres. As a result of the increasing shear between adja-
cent chains, the intermolecular bonds are distorted to such a degree that the
bonding becomes insufficient for the stress transfer between the chains.When
a distortion is reached at which the overlap is too small to sustain the load,
we assume that the fracture of the fibre is initiated. It is important to realise
that this fracture criterion of a critical shear strain does not involve large par-
allel displacements of adjacent chains. Kooijman and Kroon-Batenburg have
calculated that in the case of two hydrogen-bonded chains in a perfect PpPTA
crystal, only a relatively small displacement of about 0.17 nm or 0.3 radian 
is necessary to reach a point where the attracting force starts to decrease [38,
39].As demonstrated in Sect. 2, the hyperbolic shape of the fracture envelope
can also be explained by this criterion. We now postulate that during tensile
deformation of a polymer fibre the sum of the absolute value of the elastic
shear strain, |Dqe|, and the absolute value of the viscoelastic and plastic shear
strain, |Dq(t)|, cannot exceed a particular value b, otherwise the fibre will
break. This criterion resembles to some degree the critical distortion concept
by Coleman, the difference being that Coleman used a maximum fibre strain
instead of a maximum shear displacement of the chains [54]. The criterion 
of the maximum rotation or maximum shear strain can therefore be written
as

(Q – q0) + |Dq(tb)| = b or Q – qb = b (110)
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Fig. 59 Comparison of the calculated creep rate with the observed data of a series PpPTA
yarns with different moduli for a creep stress of 0.9 GPa



where tb is the time-to-failure of the fibre, see also Fig. 60. (Note that in a creep
and in a tensile experiment the rotation of the chain axis towards the fibre axis,
Dq, is defined as a negative quantity).

The maximum shear strain in engineering units is gb=2b, which corre-
sponds to the value p(4dc)–1 in the Frenkel model discussed in Sect. 2.5.1.
The relative displacement, x, of adjacent chains shown in Fig. 57 is limited 
by the maximum value 2b; for larger displacements the attracting force de-
creases rapidly and failure is initiated. It is further assumed that |Dq(tb)|
�Q–q0. Describing the creep with Eq. 107 the condition for fracture be-
comes

|t(tb)|      j(tb)|t(q0)|
b ≈ 91 + 99 (111)

2g 2

Because t(t)@t(q0)–sDq(t) and |Dq(tb)|=b–(Q–q0)=b–|t(q0)|(2g)–1, the shear
stress at fracture can be written as

t(tb) = t(q0) – s[b – t(q0)(2g)–1] (112)

In order to calculate q0, we use for the solution of the equation for the shear
strain

s
tan(q0 – Q) = – 4 sinq0 cosq0 (113)

2g

the approximate analytical expression:

tanQ
tanq0 = 94 (114)

s�1 + 4�2g
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Fig. 60 The angles of the domain axis in the unloaded state, Q: after loading at t=0, q0; at
the time of fracture tb, qb; and the maximum shear strain b



By adopting a logarithmic creep function j(t)=j1
10log(t), Eq. 111 yields the 

following equation for the lifetime of a fibre

b(2g + sb)2 (2g + sb) 
10log(tb) = 946 – 95 (115)

2j1g2sbtanQ        2j1g2

For sbÆ0 the lifetime tbÆ•, so Eq. 115 presents a non-linear relation between
log(tb) and the creep stress sb, which is different from the Coleman relation.
According to Eq. 115, at constant load the lifetime of a fibre decreases with 
increasing orientation parameter. Figure 61 compares the observed data for a
PpPTA fibre by Wu et al. with the calculated lifetime curve using the parame-
ter values b=0.08, tanQ=0.1483, g=1.6 GPa, j1=0.032 (GPa)–1, which implies a 
fibre with a sonic modulus of 91.8 GPa [30]. As shown by Wu et al., fibres that
were tested at high stresses had shorter lifetimes than those calculated from 
the experimental lifetime relation.

For tb=1 s, Eq. 115 yields an expression for the strength based only on the
shear failure of the domain

2bg
sb

s = 97 for Q > arctan b (116)
tanQ – b

Equation 116 was also derived in Sect. 2. It shows that the fibre strength ac-
cording to the shear failure criterion increases with improved alignment of the
chains, and that it is proportional to the shear modulus g.
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Fig. 61 The calculated lifetime curve according to Eq. 115 compared with the experimental
results on PpPTA filaments by Wu [30]



From Eqs. 115 and 116 the relative strength change per decade at t=1 s is 
calculated

Dsb�7�    = –j1g (117)
sb decade

Creep measurements of PpPTA show that 0.025<j1 (GPa)–1<0.05, thus for
g=1.6 GPa the expected range of the strength loss is 0.04<j1<0.08. The observed
value for PpPTA fibres is about 5%.

The maximum shear strain criterion is now applied for the calculation of the
creep curve up to fracture for increasing creep stress. The total creep strain of
the fibre, ef(t), is the sum of the elastic strain, ef

e, and the viscoelastic plus plas-
tic strain, ef

v(t),

ef (t) = ef
e + ef

v (t)  
(118)

Since for a well-oriented fibre ef
e≈s/E, the total creep strain is given by

s
ef (t) ≈ 3 + 1–2 j(t)t n (119)

E

Assuming logarithmic creep, j(t)=j1
10log(t), Eqs. 118 and 119 allow the calcu-

lation of the creep curves up to fracture. The results are depicted in Fig. 62. Note
that for increasing creep stress the slope of these curves decreases.
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Fig. 62 The creep failure curves of a PpPTA fibre with an initial modulus of 91.8 GPa 
calculated with the same parameters as used in Fig. 61



4.3
Relationship Between Strength and Load Rate Derived 
from the Eyring Reduced Time Model

For the investigation of the time and the temperature dependence of the fibre
strength it is necessary to have a theoretical description of the viscoelastic 
tensile behaviour of polymer fibres. Baltussen has shown that the yielding 
phenomenon, the viscoelastic and the plastic creep of a polymer fibre, can be
described by the Eyring reduced time (ERT) model [10]. The shear deforma-
tion of a domain brings about a mutual displacement of adjacent chains, the
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Fig. 63 The Eyring reduced time model involves the activated site model for plastic and 
viscoelastic shear deformation of adjacent chains

Fig. 64 Creep and creep failure can be modelled by the time-dependent shear deformation
as described by the Eyring reduced time model



amount of which is determined by the secondary bonding between the chains.
The straining of this bonding is now modelled as an activated shear transition
between two states separated by an energy barrier U, as depicted in Figs. 63 and
64. In a perfect crystal there is only a single value for U, but in semi-crystalline
and para-crystalline fibres a distribution I(U) can be expected which is associ-
ated with the energies of the various conformations of the secondary bonds 
between the chains. Hence, the function I(U) is a material property and, simi-
lar to the elastic constants ec and g, governs the elastic and viscoelastic tensile
deformation of the fibre.

In Fig. 63 the occupation of state 1 is equal to N1, the occupation of state 2
is equal to N2 and the total occupation is equal to N1+N2=N. The viscoelastic
and plastic shear strain is proportional to the decrease of the occupation of
state 1 or proportional to the increase of the occupation of state 2. Without 
external stress the probability for transition from state 1 to state 2 (n+) is pro-
portional to the Boltzmann factor N1exp[–U(kBT)–1], and for the inverse tran-
sition 2Æ1 (n–) the probability is proportional to N2exp[–U(kBT)–1].

Suppose a shear stress t causes a linear shift |t |W of the energy level of
the first state and a shift –|t |W of the second state, W being the activation 
volume. Then the differential equation for the occupation of state 1 is given
by

dN1 (U – |t |W)   (U + |t |W)
7 = –N1n0 exp �– 98� + (N – N1)n0 exp �– 98� (120)
dt kBT kBT

where n0 is the frequency associated with the motions of chain segments at a
temperature T.We assume that at t=0, N1=N2=N/2. The relaxation time d of the
transition is given by

1 (U – |t |W)   (U + |t |W)
3 = n0 �exp�– 98� + exp �– 98�	 (121)
d  kBT kBT

Because the energy shift tW is defined to be a positive quantity, the absolute
value of t is introduced in the exponential function.

The activated transition will now be described in its simplest form, viz. for
U(kBT)–1�1. This implies that at low temperatures even for a small stress the
backward transition rate n– can be neglected with respect to forward transi-
tions n+ and the relaxation time can be approximated by

1 (U – |t |W)
3 = n0 exp �– 98� (122)
d kBT

Hence, Eq. 120 becomes

dN1 N1
7 = – 5 (123)
dt d
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Fig. 65 The relaxation time of an Eyring process as a function of the stress, for a low and a
high temperature with |ty|=U0/W=0.05

For constant |t | the solution of this equation is given by

N t
N1 = 3 exp �– 3� (124)

2 d

As for the derivation of Eqs. 122, 123 and 124 only the transitions 1Æ2 have
been counted, these equations do not describe recovery processes, where the
transitions 2Æ1 are important as well. These approximations have been made
for convenience’s sake, but neither imply a limitation for the model, nor are they
essential to the results of the calculations. Equation 124 is the well-known for-
mula for the relaxation time of an Eyring process. In Fig. 65 the relaxation time
for this plastic shear transition has been plotted versus the stress for two tem-
perature values. It can be observed from this figure that in the limit of low tem-
peratures, the relaxation time changes very abruptly at the shear yield stress
|ty |=U0/W. Below this stress the relaxation time is very long, which corresponds
with an approximation of elastic behaviour.

The transition from ideal elastic to plastic behaviour is described by the
change in relaxation time as shown by the stress relaxation in Fig. 66. The im-
mediate or plastic decrease of the stress after an initial stress s0 is described by
a relaxation time equal to zero,whereas a pure elastic response corresponds with
an infinite relaxation time. The relaxation time becomes suddenly very short as
the shear stress increases to a value equal to ty. Thus, in an experiment at a con-
stant stress rate, all transitions occur almost immediately at the shear yield
stress. This critical behaviour closely resembles the ideal plastic behaviour. This
can be expected for a polymer well below the glass transition temperature where
the mobility of the chains is low. At a high temperature the transition is a



smoother function of the applied stress. This behaviour may be expected for a
polymer close to the glass transition temperature. In this case the backward
transitions should also be taken into account. This different character in the two
temperature limits renders the Eyring process very suitable for modelling the
coupled yield and viscoelastic deformation of fibres in the glassy state.

If the applied shear stress varies during the experiment, e.g. in a tensile test
at a constant strain rate, the relaxation time of the activated transitions changes
during the test. This is analogous to the concept of a reduced time, which has
been introduced to model the acceleration of the relaxation processes due to
the deformation. It is proposed that the reduced time is related to the transition
rate of an Eyring process [58]. The differential Eq. 123 for the transition rate is
rewritten as

dN1
7 = –N1 (125)
dtu

with the reduced time tu given by

dt
dtu = 4 (126)

d

Thus
t (U – |t(t¢)|W)

tu = n0 ∫ exp �– 995� dt¢ (127)
0 kBT

It is proposed that the viscoelastic and plastic shear strain of a domain,
ev

13(t)=tan(q(t)–q0), is proportional to (N/2–N1). Then it follows from Eqs. 125
and 126 that

ev
13 (t) = 1–2  I[1 – exp(–tu)] (128)
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Fig. 66 The elastic, viscoelastic and plastic behaviour can be described by changing the 
relaxation time d



The magnitude of the activated transition is denoted by I, where I=cN and c is
an arbitrary constant. A transition density function is introduced to describe
the viscoelastic and plastic shear deformation of the domain. Hence, following
Eq. 107 the total shear strain of a domain in terms of the ERT model is given
by

|t(t)|       •

|e13 (t)| = |tanq(t) – Q)| = 9 + 1–2 ∫ I(U) [1 – exp(–tu)]dU (129)
2g          0

and tu is calculated from the loading history with Eq. 127. The relation between
the fibre strength and the time can be obtained from load rate measurements.
In order to derive an analytical expression for the strength as a function of the
loading rate l, the integral in Eq. 127 defining the reduced time has to be eval-
uated. For s=lt the shear stress becomes

2glt tanQ
|t(t)| = ltsinq(t) cosq(t) ≈ 98 (130)

2g + lt

As an approximation it is assumed that lt�2g or |t(t)|≈lttanQ. Furthermore
the high-strain approximation for the transition density function will be ap-
plied, viz. I(U)=I0 on the interval [U0, Um] and I(U)=0 elsewhere [10]. Equation
129 then yields

lt tanQ    I0kBT n0kBT          (ltWtanQ – U0)|e13 (t)| = 94 + 9 �c + log �96� + 999� (131)
2g 2 lWtanQ kBT

with the Euler constant c≈0.57722... and kB=1.38·10–23 JK–1. From Eq. 131 an 
expression for the yield stress in the tensile curve of a polymer fibre can be de-
rived. For the shear yield stress of a domain the following condition holds

|ty | = 2ge13
y (132)

which implies that the second term on the right-hand side (within the brack-
ets) of Eq. 131 equals zero. The introduction of sy=lt results then for the yield
stress in the tensile curve of a polymer fibre in

lWtanQ     kBT U0sy = �–c + log �96�� �93� + 93 (133)
n0kBT WtanQ WtanQ

Equation 133 is similar to the formula for the strain and temperature depen-
dence of the yield point calculated with the thermally activated viscosity pro-
posed by Eyring and Bauwens [37, 59].

A reference temperature T0 is introduced, which is the equivalent of the 
“Vogel” temperature and found empirically in the field of polymer viscosity
[60]. Thus in Eq. 131, T is replaced by (T–T0).Assuming that the limiting shear
strain for fracture equals b, the fracture condition for the load rate experiment
becomes
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ltbtanQ n0kB (T – T0)b = 96 + 1–2 
I0kB (T – T0) �log �965�2g lWtanQ

(ltbtanQ – U0)+ 9654 + c	 (134)
kB (T – T0)

which results for the strength, sb=ltb, in the following linear function of logl

2b
5 + U0I0 WtanQ

sb = C1 logl + C1�962 + log �962� + C2� (135)
kB (T – T0) kB (T – T0)

where 

gI0kB (T – T0)C1 = 9692 and C2 = –logn0 – c
(1 + gI0W)tanQ

As a validation experiment a large number of load speed measurements on
Twaron 2200 PpPTA yarn at different temperatures have been carried out. In 
order to limit the scatter of the data a slight twist was applied to the yarn.
Figure 67 shows the fit of the linear relation Eq. 135 with the experimental data.
The values for the parameters used in this fit are listed in Table 5.As stated ear-
lier, the linear relationship Eq. 135 was derived for the approximation lt�2g.
According to Eq. 134, for large values of the load rate the second term should
become very small. Indeed, in Fig. 67 the observed data tend to level off for
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Fig. 67 Observed strength data of PpPTA (Twaron) yarns versus the load rate measured at
20, 50, 80, 110 and 140 °C. The drawn lines were calculated with Eq. 135 using the parame-
ters in Table 5
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Table 5 The parameters used in the fitting of Eq. (135) to the observed data in Fig. 67

T b tanQ g I 0 U 0 W T 0 logu0

(K) (109 Nm–2) (1020 J–1) (10–20 J) (10–30 m3) (K)

293 0.08 0.15 1.8 0.65 13.3 250 121 9.4
323 0.08 0.15 1.65 0.65 13.5 255 121 9.4
353 0.08 0.15 1.52 0.65 13.3 255 121 9.0
383 0.08 0.15 1.41 0.65 13.2 250 121 9.4
413 0.08 0.15 1.3 0.65 13.3 255 121 9.4

large values of logl. This observation leads to the conclusion that the fibre can
break in either a viscoelastic or in an elastic regime. However, the strength
given by Eq. 135 is for shear failure only. As we discussed in Sect. 2.5, for the
elastic regime the chain extension has to be taken into account resulting in the
molecular composite model.

4.4
Lifetime Relationship Derived from the Eyring Reduced Time Model

The Eyring reduced time model provides the framework for the derivation of
the creep equation of polymer fibres [10]. The creep shear strain of a domain
is given by

|t(t)|        •
|e13 (t)| = |tanq(t) – Q)| = 9 + 1–2 ∫ I(U) [1 – exp(–tu)]dU (129)

2g          0

The reduced time for the creep experiment is given by

t (U – |t |W)
tu = n0 ∫ exp �– 98� dt (136)

0 kBT

It is assumed that the shear stress is constant and equal to |t|=ssinq 0cosq 0,
where q 0 is the angle immediately after loading of the fibre with a stress s. This
is an approximation, because as shown by the observed change of the sonic
modulus during creep, the chain orientation angle slowly decreases. The ob-
served stress dependence of the creep rate of PpPTA fibres for a creep stress up
to about 2 GPa is given by Eqs. 108 and 109. For higher stresses no experimen-
tal data are available. This observed dependence can also be derived from
Eq. 129 by employing the linear transition density function I(U)=I1U, with I1
being a constant [10]. As shown in ref. [10] this yields for the creep rate

def (t) I1WkBT    ssin2Q
93 = 932934 (137)
dlog(t)           2                 s 3

�1 + 4�2g



This result can also be derived from Eqs. 10, 108 and 109 with j1=I1WkBT.
Figure 68 shows a good agreement between the observed and calculated creep
data of PpPTA fibres [7].

It can be shown that for s>2 GPa a constant transition density function I=I0
yields almost the same stress dependence of the creep rate as the linear func-
tion. Therefore, in order to keep the calculations tractable we derive the lifetime
of a fibre by applying the same density transition function as was used in the
calculation of the dependence of the strength on the load rate, viz. I(U)=I0 on
the interval [U0, Um] and I(U)=0 elsewhere. This results for the shear strain of
a domain in

|t | (|t |W – U0)|e13 (t)| ≈ 5 + 1–2 kBTI0 �log(n0t) + 99 + c� (138)
2g kBT

with c≈0.57722... being the Euler constant. The lower boundary U0 can be con-
sidered as the threshold or activation energy of the creep.

Assuming that the fibre breaks due to shear failure, the fracture condition
|e13(tb)|=b is now applied

|t | kTI0 |t |W – U0b = 5 + 8 �log(n0tb) + 97 + c� (139)
2g       2 kT

Equation 139 yields a linear relation between the shear stress |t|=ssinq 0cosq 0
and logtb. However, as can be deduced from Eq. 114, the shear stress is not a lin-
ear function of the fibre stress s. Application of Eq. 114 in Eq. 139 results in a
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Fig. 68 Comparison of the observed creep rate of PpPTA fibres with the curves calculated
with Eq. 137 using j1=I1WkBT=0.033·10–9 m2N–1[7]



non-linear lifetime equation. However, in the stress range applied in the lifetime
experiments, this deviation from linearity is small. Moreover, the change of the
angle q 0 over the stress range applied in the lifetime measurements is relatively
small. Therefore, as an approximation for well-oriented fibres the shear stress
is taken to be t=–ssinq a, where q a is the average value of q0 in the applied stress
range. This results in the following linear equation of the lifetime of a polymer
fibre in a creep failure experiment

2b + I0U0 c [W + (gI0)–1]sinqa10log tb ≈ 999 – 5 – 10logn0 – 9993 (140)
2.3 · I0kB (T – T0)    2.3 2.3 · kB (T – T0)

Since the linear dependence of the shear stress on the fibre stress has also been
applied in the derivation of the load rate Eq. 135, the parameters in this equa-
tion can be compared with the parameters obtained from the lifetime rela-
tionship.

Over the whole stress range from zero onwards, the lifetime relation should
be a non-linear relation between logt and s because as the stress becomes zero
the lifetime should go to infinity. Therefore Eq. 140 only holds within the con-
straints used in the derivation. Wu has measured the lifetimes of PpPTA fila-
ments at three temperatures, viz. 21, 80 and 130 °C. These data have been fitted
with Eq. 140 using the parameters derived from the load rate measurements as
a starting value. In Fig. 69 the data of Wu are represented by dashed lines which
have been obtained from linear regression of the individual data [30]. In the fit-
ting procedure a slight variation in the values of q a, U0, W and n0 was necessary
to obtain a good fit. The parameters of the drawn lines are listed in Table 6 and

88 M. G. Northolt et al.

Fig. 69 The lifetime data of Wu et al. are represented by their regression lines and indicated
in this figure by dashed and dotted lines. The continuous lines are calculated with Eq. 140 
using the parameter values listed in Table 6



show only small differences with the parameter values in Table 5. Full agree-
ment of the two sets of parameters cannot be expected, because the data by Wu
are based on the strength of Kevlar 49 PpPTA filaments and the data of the load
rate measurements are from Twaron PpPTA yarns. However, although the fil-
aments and the yarns are from different manufacturers, the agreement between
the parameters derived from the load rate measurements and from the lifetime
measurements is satisfactory.

According to the simple Eq. 115 and the full Eq. 140, the lifetime of a fibre
measured at a constant load decreases with increasing orientation parameter.
The dependence of the slope of the curve, log(tb) vs sb, on the initial orienta-
tion distribution has been calculated for PpPTA fibres using Eq. 140. Figure 70
shows that at constant load for increasing orientation angle the lifetime curves
become steeper, while at the same time the lifetime decreases. This effect has
been observed for nylon 66 yarns as shown in Fig. 71, where the lifetime data
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Table 6 The parameter values of the lines defined by Eq. (140) and drawn in Fig. 69

T b sinqa g I0 U0 W T0 logu0

(K) (109 Nm–2) (1020 J–1) (10–20 J) (10–30 m3) (K)

293 0.08 0.142 1.8 0.653 13.3 275 121 4.72
353 0.08 0.142 1.5 0.653 11.3 240 121 3.34
403 0.08 0.135 1.3 0.653 10.3 200 121 1.61

Fig. 70 Calculated lifetime curves of PpPTA fibres for three orientation angles using Eq. 140
with the parameters T=294 K, g=1.8 GPa, U0=13.3 ·10–20 J, I0=0.653·1020 J–1, T0=121 K,
W=275 ·10–30 m3, logn0=4.72



are shown for a series yarns made with different draw ratios [54]. The effect has
also been observed for polyacrylonitrile yarns [61].

4.5
Conclusions

The calculated load rate and lifetime curves using the criterion of the critical
shear strain are in agreement with the experimental data. However, as discussed
in Sect. 2.5, the molecular composite model shows that the fibre strength ob-
tained in a normal tensile test is also determined by the longitudinal strength
sL due to the action of the normal stress scos2q . Neglect of this contribution 
results in strength values that are calculated too large. Thus the strength cal-
culated with the ERT model for large load rates and short lifetimes is larger
than the observed values. Indeed, this can be observed in Fig. 67 where the 
experimental data level off for high load rates. Further confirmation is found
in the observations made by Wu et al. [30]. These authors presented results of
lifetime and tensile tests of PpPTA filaments measured at 21, 80 and 130 °C. The
strength values obtained from the tensile tests were considerably lower than the
values derived from the extrapolation of the observed lifetime relation to very
brief time periods. Moreover, the filaments that failed in creep after very short
time periods (<3 min) seemed to have failed through transverse crack propa-
gation; over one or two fibre diameters along the fibre no long-range splitting
or fibrillation was observed.Apparently this indicates a change in failure mode
along the time axis in a creep failure experiment. The authors concluded that
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Fig. 71 Lifetime curves as a function of the creep load for nylon 66 yarns with different draw
ratios (d.r.). The yarn with a stretch ratio of 5.6 is from a different polymer batch [54]. The
drawn lines represent the regression lines of the observed data



the short-term strength as determined from a normal tensile test is not a good
predictor of long-term life, which is confirmed by the proposed model for creep
failure.

The presented derivations of the load rate and the lifetime relationships ap-
plying the shear failure criterion are based on a single orientation angle Q for
the characterisation of the orientation distribution. Therefore these relations
give only an approximation of the lifetime of polymer fibres.Yet, they demon-
strate quite accurately the effect of the intrinsic structural parameters on the
time and the temperature dependence of the fibre strength.

The strength of a fibre is not only a function of the test length, but also of the
testing time and the temperature. It is shown that the introduction of a fracture
criterion, which states that the total shear deformation in a creep experiment is
bounded to a maximum value, explains the well-known Coleman relation as
well as the relation between creep fracture stress and creep fracture strain.
Moreover, it explains why highly oriented fibres have a longer lifetime than less
oriented fibres of the same polymer, assuming that all other parameters stay the
same.

Finally, a new and interesting application of the ERT model can be the mod-
elling of fatigue. In fatigue testing a varying load is applied on the fibre. The 
dynamic nature of the loading pattern with angular frequency w is described
by introducing a sinusoidal stress function s=s0sinwt in the shear stress
|t|=ssinqcosq of the basic Eq. 120. In addition the backward transitions char-
acterised by n– should be taken into account.

5
Concluding Remarks

5.1
Discussion

It has been shown that, by neglecting the chain extension, a simple theory based
on the continuous chain model and the employment of a critical shear stress
or shear strain as the fracture criterion provides a good approximation of the
shape of the fracture envelope of polymer fibres {eb,sb}. However, for highly ori-
ented fibres (Q<arctanb) it yields an infinite value of the strength. The incor-
poration of the molecular composite model takes account of the effect of the
chain extension on the fibre strength. It gives the ultimate strength, sL, of fibres
with chains oriented parallel to the fibre axis in terms of the strength of the
intermolecular bonds between chains of finite length. Therefore its value is

considerably smaller than the breaking strength of the single polymer chain.
However, the examples given in Sect. 2.5.2 show that the theoretical estimates
of the shear modulus g, and of the ultimate strength derived from the activa-
tion energy of creep and from the molecular force field calculations, leave am-
ple room for improvement.
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The proposed theory of the tensile strength of polymer fibres provides the re-
lationship between the strength and the modulus, which is in good agreement
with the observed relations on PET,POK,cellulose II and PpPTA fibres.Moreover,
it also explains the excellent tensile properties of the new rigid-rod polymer 
fibres PBO (Zylon) and PIPD (or M5).As shown by the examples of PET and POK
fibres, the proposed theory can also be applied to the flexible-chain polymers.
Therefore, the strong UHMW PE fibres with only weak Van der Waals bonding
between the chains require some discussion here. Strong PE fibres can only be
made by employing extremely long chains and by creating in the gel spinning
process an almost perfect parallel orientation of the chains. For the calculation
of the ultimate strength the chain modulus is taken to be ec=280 GPa and, due to
the weak interchain bonds, a comparatively low value of the internal shear mod-
ulus g=0.8 GPa is used. An ultimate strength of 6.5 GPa can only be attained by
using a critical shear strain b=0.19.This large value of the critical shear strain can
be associated with the extremely long chains and the extremely narrow orienta-
tion distribution in these fibres. The highest observed modulus and strength of
this fibre are E=264 and sb=7.2 GPa [62]. Figure 72 shows the strength as a func-
tion of the modulus calculated with Eq. 58. The deviating structure and mor-
phology of the UHMW PE fibres compared to the structure of the rigid-rod poly-
meric fibres may yield experimental relations between the orientation parameter,
the modulus and the strength being different from the relationships computed
with the molecular composite model [62–64]. However, lack of sufficient exper-
imental data on the orientation of UHMW PE fibres prevents a comparison.

Although the cross-sectional areas of the chains in PpPTA and PE are
slightly different, 0.204 and 0.183 nm2, respectively, there is a considerable dif-
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Fig. 72 UHMW PE: the strength as a function of the modulus calculated with Eq. 58 using
ec=280, g=0.8 GPa and b=0.19



ference between the observed strength of these fibres. Part of this difference is
probably due to the much higher degree of chain orientation in the UHMW PE
fibres as judged from the X-ray diffraction patterns. As has already been men-
tioned, a considerably larger value of the critical shear strain due to the ex-
tremely long chains in UHMW PE may also contribute to the larger strength of
these fibres. Moreover, the effect of impurities on the strength may be very 
different in these fibres. Firstly, due to the flexibility of the PE chain, the stress
concentrations due to impurities relax much more rapidly than in PpPTA fibres.
Secondly, the process conditions of the PpPTA fibre involving the preparation
of a spinning solution in an inorganic acid make it much more likely that the
level of impurities is considerably higher in PpPTA fibres than in PE fibres. As
shown in Sects. 2.2 and 2.3, the detrimental effect of impurities increases with
a broader orientation distribution. Thus, not only the higher level of impurities
in PpPTA, but also the wider orientation distribution and, consequently, a
smaller Griffith length may be responsible for the lower strength of PpPTA 
fibre compared to the UHMW PE fibre.

In aramid fibres, such as PpPTA, with a chain modulus of 240 GPa and a
mixture of van der Waals and hydrogen bonding, the relatively short chains
with a narrow orientation distribution yield an observed modulus of 120 GPa
and a strength of 4.5 GPa. For the PBO fibre the large chain modulus of about
500 GPa and the relatively weak interchain bonding yield a large fibre modulus
of 280 GPa and a yarn strength of 6 GPa only if the orientation distribution is
very narrow.A large chain modulus together with a two-dimensional hydrogen-
bonded network, as found in the newly developed PIPD fibre, has resulted so
far in a modulus well above 300 GPa and a filament strength of nearly 7 GPa for
a contracted orientation distribution.

Of particular significance to the strength of polymer fibres is the outcome
of the analysis of the distribution of the strain energy. It demonstrates that due
to the chain orientation distribution, the strain energy delivered in a tensile test
is preferably channelled into the domains with angles in the tail of the distri-
bution. This implies that even without structural inhomogeneities like impu-
rities, the critical shear strain, b, or the critical shear stress, tb, is first exceeded
in the domains with angles that are in the tail of the orientation distribution.
Consequently, due to the presence of the chain orientation distribution alone,
even polymer fibres without any impurities and voids attain a lower strength
than the ultimate strength calculated for a fibre with all chains parallel to the
fibre axis. Moreover, fibres made of the same polymer having the same values
of �sin2Q�E, g and ec, and thus with equal moduli, may still have a different
strength due to a difference in the shape of the orientation distribution.

In principle the proposed model for the strength of polymer fibres can be
improved by taking into account the change in shape of the orientation distri-
bution during the extension of the fibre. However, from the fact that the appli-
cation of only a single orientation angle for the representation of the orienta-
tion distribution has yielded the observed relations quite accurately, it follows
that such a refinement is likely to give only a marginal improvement. The ob-
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served relationships between the fibre strength and the concentration of the
spinning solution of PpPTA and DABT have been explained with the proposed
strength model in conjunction with Picken’s theory describing the order para-
meter in liquid crystalline solutions of polymers. Table 7 presents a survey of
the elastic constants and the estimated maximum tensile strength, sL, of vari-
ous polymer fibres. By using a constant value for b, this list does not take into
account that the fracture shear strain may be different for the different kinds
of interchain bonding. Yet, it shows that the PIPD (M5) fibre has the potential
to achieve the highest tenacity of all organic polymer fibres. Other proven prop-
erties of the M5 fibre are the exceptionally good impact strength, the high ax-
ial compressive strength and the excellent fire protection properties [8, 65–69].

The PBO fibre demonstrates the importance of the degree of chain orienta-
tion. Because there are no hydrogen bonds, the interchain bonding in the PBO
is less strong than in the PpPTA fibre.Yet, the observed strength of the PBO fi-
bre is considerably larger than that of PpPTA. As is shown by Figs. 26 and 27,
this is mainly due to a combination of the large chain modulus and the narrow
orientation distribution of the chains. For PBO the chain modulus is ec≈500 GPa
and for the as-spun fibre �sin2Q�E ≈0.018 and for PBO-HT �sin2Q�E ≈0.006,
whereas for PpPTA ec=240 GPa and for a fibre with a modulus of about 90 GPa
�sin2Q�E ≈0.028.

Kitagawa et al. studied the deformation process in PBO. In order to deter-
mine the elastic constants, ec and g, according to Eq. 10, they plotted the fibre
compliances versus the orientation parameter �sin2Q�, instead of the strain ori-
entation parameter �sin2Q�E, and found ec=370 and g=4 GPa [70, 71]. However,
their data show a very large spread, implying that linear regression of the data
should have resulted in large esd values for the derived values of ec and g. More-
over, by applying a non-aqueous coagulation process, they were sucessful in
making a PBO fibre with a fibre modulus of 360 GPa, which is very close to their
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Table 7 Estimates of the ultimate tensile strength for perfectly parallel orientation of the
chains in the polymer fibre calculated with the equation sL=2.3 b klll(gec) and b=0.1

Fibre ec (GPa) g a (GPa) sL (GPa) Highest observed   
strength

PET 125 1.5 3.1 2.3

Cellulose II 88 3 3.7 1.8
conditioned

PpPTA 240 2 5 4.5

PBO 500 2 7.3 7.3

PIPD (M5) b 550 6 13 6.6

a The determination of g is described in ref. [40].
b The PIPD fibre is still in an early stage of development.



estimated value of ec.According to Eq. 10 this large fibre modulus strongly sug-
gests that the chain modulus of PBO should have a considerably larger value
than 370 GPa.

The difference between the observed moduli of PBO and PIPD-HT fibres is
caused by the difference in chain orientation and by the difference of the value
of the shear modulus g.As the PIPD fibre is in the early stages of development,
it can be expected that after complete development the strength will be well
above the present highest value of 6.6 GPa. However, the large g value of the
PIPD fibre may render it more susceptible to the detrimental effect of inho-
mogeneities and impurities, because it will probably lead to somewhat higher
stress concentrations than those in fibres with weaker interchain forces. How-
ever, Eq. 39 shows that a large g value yields a large Griffith length, which is ben-
eficial to the fibre strength.

The study of the effect of the chain length distribution on the fibre strength
has demonstrated that the aspect ratio of the elemental building unit is an im-
portant parameter. This leads to the question: what is the elemental unit in 
a polymer fibre? Assuming that in PpPTA fibres the basic element is the chain
itself, the model predicts that at the present level of DP (=zn) of 50 the strength
increase due to an increase in DP will be very small indeed.As shown in Sect. 3,
this also holds for the effect of the elimination of the low molecular weight frac-
tion. If microfibrils are the building blocks, then the mechanical parameters ec,
g, tb and the aspect ratio L/D of the model refer to fibrils themselves. Thus, ec
corresponds to the modulus of the fibril, g becomes the modulus for shear be-
tween adjacent fibrils, and tb the corresponding shear strength.As very little is
known about these quantities, this point will not be discussed any further.

The presented model for the calculation of the influence of the molecular
weight on the fibre strength does not deal with the possible dependence of the
critical shear strength on the molecular weight distribution. Similar to the
macrocomposite model, it uses a constant shear strength. For cellulose and
aramid fibres it has been shown that g increases with an improved parallel ori-
entation of the polymer chains, corresponding with a more perfect chain pack-
ing [2]. However, nothing is known about its effect on the critical shear strain
or the shear strength in fibres. From the observation that one can hammer a lot
of nails into a piece of wood before its strength in a direction parallel to the
wood grains starts to decline, it can be argued that small structural defects have
probably little effect on the strength. Yet, in order to gain a better insight into
the influence of the various structural parameters on the lifetime relation of
polymer fibres, more experiments are required.

The model of Frenkel for the calculation of the shear modulus and the crit-
ical shear strength is not particularly suited to polymers, because it does not
take into account the chain length distribution. As we have shown, the critical
shear strength is the fracture criterion pertaining to tensile tests applying 
relatively high strain rates, whereas a critical or maximum shear strain is the
proper criterion pertaining to the lifetime measurements. It seems plausible to
assume that the critical shear strain may also depend on the average chain
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length in the polymer. Thus, with longer chains the overlap length will increase,
presumably raising the critical or maximum shear strain and shear stress. This
may be the case in the UHMW PE fibres.

The Eyring reduced time model provides a good description of the creep of
PpPTA fibres [10]. Moreover, the application of this model, in conjunction with
the maximum shear strain criterion for the fracture of polymer fibres, has been
shown to be successful for the interpretation of the observed lifetime relations
of the PpPTA fibres and their dependence on the degree of chain orientation
and on temperature. The expression of the fibre strength as a function of the
load rate given by Eq. 135 demonstrates the importance of the various intrin-
sic polymer properties for the fibre strength, i.e. a large value of g, b, the thresh-
hold energy for yield U0 and a small orientation angle Q will give a higher
strength. As shown by the creep failure experiments of Wu et al. on PpPTA,
polymer fibres like many other materials can break in either a ductile or brit-
tle manner [30, 72]. This transition of the failure mode is explained by the pro-
posed theory. For example, in Eq. 134 it follows that the ductile or viscoelastic
part of the critical shear strain ev

13(t)Æ0 for tbÆ0.
Table 8 presents a survey of the basic elastic constants of a series of polymer

fibres and the relation with the various kinds of interchain bonds.As shown by
this table, the interchain forces not only determine the elastic shear modulus
g, but also the creep rate of the fibre.

The importance of the uniformity of structure and morphology for the
strength of the fibre is illustrated in Fig. 73. It shows that the observed filament
strength of the PpPTA microfilaments is considerably higher than the strength
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Fig. 73 Strength as a function of the concentration. The drawn lines were computed with
Eqs. 23, 26, 42, 43, 45, 59, 61a, 61b and 62 for different values of sL, and tb. The dotted and
dashed lines are average curves representing the experimental data of normal and micro-
filament PpPTA yarns, respectively
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of filaments with a standard count. Thus, an increased uniformity of the struc-
ture in the cross section of the fibre, together with a decrease in impurity con-
tent, should result in a higher value of tb.

A Weibull analysis of the filament properties of a yarn provides the proper
information concerning the possible increase in yarn strength by altering ex-
trinsic factors. During spinning of a PpPTA yarn the individual draw ratios of
the filaments are not precisely equal, which implies that the filaments of a yarn
show a distribution of the modulus. For a yarn without large structural inho-
mogeneities and impurities the presented theory indicates that the filament
strength should be an increasing function of the filament modulus. When due
to a large spread the experimental filament data taken randomly from the cross
section of a single bundle fail to reveal this relation, the detrimental effect of ex-
trinsic factors such as impurities still dominates the filament strength. However,
when for an arbitrary selection of filaments taken from a yarn the theoretical 
relation between strength and modulus becomes apparent, a further consider-
able increase in yarn strength at the same modulus cannot be expected.

With regard to the observed variation of the fracture morphology of polymer
fibres, the presented analysis of the strength may provide some understanding
of its causes, in particular of those fibres made from rigid-rod polymers.Yoon’s
model assumes that a polymer fibre with the chains perfectly parallel-oriented
to the fibre axis fails under tension when the interfacial shear stress exceeds a
critical value. This implies shear fracture, though the shear stress, |t|=ssinq-
cosq, acting on the domain equals zero. The fracture of a macrocomposite
made of short and strong reinforcing fibres, under a tensile stress directed
along the fibres, causes a crack surface perpendicular to the fibre direction with
individual fibres pulled out from the matrix [35, 73]. In analogy, the tensile frac-
ture morphology of a rigid-rod polymer fibre with a highly contracted chain
orientation distribution (|t|=ssinqcosqÆ0) is likely to have a more or less
brush- or bristle-like appearance. The short brush “hairs” consist of bundles of
chains pulled out from the crystallites. Moreover, also in a domain making a fi-
nite angle with the fibre axis,Yoon’s model implies that the normal stress scos2q
causes an interfacial shear stress between the chains.Yet, for an increasing ori-
entation angle the effect of the shear stress on the domain becomes more im-
portant. Therefore, the fracture morphology of rigid-rod polymer fibres is ex-
pected to change along the fracture envelope of a polymer. Broken low- and
medium-oriented fibres will show split fibres and a more or less fibrillar frac-
ture surface, whereas broken highly-oriented fibres tend to show a more or less
brush-like appearance associated with brittle fracture.A similar change of the
fracture morphology is likely to occur in a creep failure experiment on a well-
oriented fibre. Low creep loads corresponding with a long lifetime result in a
fibrillar fracture morphology, whereas high creep loads associated with very
short lifetimes will show elastic and brittle failure with a brush- or bristle-like
fracture surface.

Also, other factors may influence the fracture morphology as is demon-
strated by the following examples. Glass fibres having an isotropic structure
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and mechanical properties display brittle fracture, whereas anisotropic wood
fibres show a fibrillar fracture morphology. Hence, the anisotropy of the di-
mensions and the elastic constants of the elemental building block are likely to
have some influence. In rigid-rod polymer fibres, which are made in a wet-spin-
ning process, the micro-morphology consists of long fibrils separated by very
fine elongated voids, which facilitate crack growth by shear failure. Moreover,
the mechanical anisotropy of the domain in these fibres as expressed by the ra-
tio ec/g is considerable: for cellulose II 20, PIPD 90, PpPTA 120 and PBO 200.
This range may explain the observation that on the one hand cellulose II fibres
show a fibrillated fracture surface with short fibrils or a brush-like appearance,
whereas on the other hand medium-oriented PpPTA and PBO fibres show split
fibres and long fibrillated fracture surfaces. The anisotropy expressed by ec/g
in polymer fibres is caused by the strong covalent bonds within the chain 
and the weak viscoelastic secondary bonds between the chains. Presumably
this anisotropy in bonding strength also causes the difference between the
fracture morphology of PAN- and pitch-based fibres. Although both fibres
break in a brittle mode, close inspection reveals subtle differences in the frac-
ture surface.

Non-graphitised PAN-based carbon fibres consist of irregularly bent graph-
ite-like planes, which are oriented to some degree along the fibre axis and are
laterally cross-linked by strong sp3–sp3 bonds resulting in a modulus of shear
between the graphite planes of about 30 GPa and ec/g≈35 [74]. Except for
marked features caused by holes or particles, tensile fracture of these fibres
shows a more or less smooth fracture surface transverse to the fibre axis. This
is in agreement with the conclusion made by many investigators that PAN-
based fibres have a non-fibrillar structure. Pitch-based carbon fibres consist of
highly ordered layers of graphite planes well-oriented parallel to the fibre axis
and often showing a turbostratic structure. Some meso-phase pitch-based fibres
possess an additional degree of order corresponding with the development of
the aromatic layers into a stacking order with the crystal structure of graphite.
The planes are laterally bonded by very few covalent bonds yielding a shear
modulus of about 5 to 10 GPa and ec/g≈120. The fracture morphology of these
fibres is characterised by a rough surface normal to the fibre axis, which has
been described as of “pulled-out” appearance [75–77]. The roughness is due
to a sheet-like morphology originating from sheets consisting of stacks of
graphite planes.

5.2
Can Post-drawing Improve the Fibre Strength?

High-modulus PpPTA fibres are made by post-drawing a medium-modulus fi-
bre at elevated temperatures. In order to understand the effect of this process
step, the mechanism of drawing polymer fibres is discussed. Drawing of a poly-
mer fibre below its glass transition temperature Tg is called “cold drawing”. At
Tg, the interchain bonding becomes severely weakened by the onset of large
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segmental motions of the polymer chain, and a transition from neck (yielding)
to uniform deformation occurs [78]. In general, drawing above Tg creates a 
fibre with a structure and morphology that is very different from that of the
original fibre. This is due to the combined action of reorientation and recrys-
tallisation processes. Figure 74 depicts a schematic representation of the tensile
curve of a polymer fibre measured below Tg [1]. The following curves can be 
distinguished:

a) Curve 1, coinciding from point P onwards up to fracture with the second part
of curve 4, represents the first loading curve; it is characterised by yielding
at a strain between 0.5 and 2.5% depending on the orientation of the fibre.

b) Curve 3 is observed during unloading of the fibre from a stress sP at point
P, well above the yield stress sy;.

c) The first part of curve 4 up to P represents the second loading curve after
unloading of the fibre along curve 3; it is followed by the second part of
curve 4, which coincides with the second part of curve 1. A considerable
change of the slope of curve 4 at P is noticed.

When the unloading time at the bottom end of curve 3 is short, the initial slope
of curve 4 is slightly steeper than the initial slope of curve 1. This indicates that,
due to the first loading to a stress sP well above the yield stress, a contraction
of the orientation distribution has taken place, resulting in an increase of the
initial modulus. The unloading curve 3, together with the first part of curve 4
up to sP, is the hysteresis curve followed during cyclic loading between 0 and
sP. This schematic representation of the tensile behaviour holds for all polymer
fibres at temperatures below the glass transition temperature. In other words,
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Fig. 74 Schematic representation of the tensile curve of a fibre during (1) first loading, (2)
hypothetical elastic unloading, (3) unloading and (4)second loading. Note that the second
part of curve 4 practically coincides with curve 1 [1, 6]



it holds for all fibres showing yielding and it can be explained by the sequen-
tial orientation mechanism [1, 6]. Depending on the kind of fibre, the reap-
pearance of the yield in the first stage of curve 4 is observed after a long 
unloading time. As soon as the stress during the second loading is above the
maximum stress reached in the previous first loading cycle, the tensile curve
of the second loading will follow the first loading curve 1 of the fibre up to frac-
ture.

A general observation is that cold drawing of polymer fibres results in a
higher modulus, but not in a higher strength. The sequential orientation mech-
anism provides the explanation of this phenomenon. The fibre is considered as
a parallel arrangement of identical fibrils. Each fibril is a series arrangement of
domains composed of parallel packed chains. Hence the tensile extension of the
fibre is described by the tensile behaviour of the fibril. The chain axes of the 
domains in a fibril follow an orientation distribution, as is shown in Fig. 75. The
fibre elongation is brought about by elastic chain stretching and by chain ro-
tation as a result of the shear deformation. This chain rotation is caused by the
resolved shear stress |t|=ssinqcosq, which varies from domain to domain in
the fibril. For small strains the fibre response is practically elastic, but at the
yield strain the chain rotation has a plastic contribution, presumably caused by
the temporary loosening of the interchain secondary bonds. For simplicity it
is assumed that a pure plastic rotation of the chain occurs when the shear stress
is equal to or larger than the shear yield stress ty. The value of the shear yield
stress is given by |ty|=fg, where 0.04<f<0.05 [1]. In a fibril the maximum shear
stress will act on domains with chains having the largest orientation angle q.
Hence, during first loading of the fibre the chains with angles in the range
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Fig. 75 Schematic representation of the yielding process in a fibril due to sequential plas-
tic orientation of the domains with increasing stress s. For the domain in the fibril with an
angle qi, yielding occurs when ssinqicosqi≥|ty|. After loading to a stress s1>sy the chains in
the domain with the initial angle q1 are plastically rotated to the angle q2; after loading to 
a higher stress s2 the chains in the domains with the initial angles q1 and q2 are plastically
rotated to the angle q3 etc.



qy<q<p/2 will undergo a plastic rotation down to an angle qy at the yield stress
sy. This angle is given by the yielding condition

sy sinqy cosqy = |ty| (141)

or

qy = 1–2  
arcsin(2|ty|/sy ) (142)

When the stress is increased to a value of sP>sy the chain axes with angles
qP<q<qy are plastically rotated down to the angle qP given by the equation

sP sinqP cosqP = |ty| (143)

The serial arrangement of domains implies a sequential plastic orientation 
of the domains in the fibril, i.e. plastic rotation starts at the most disoriented do-
main and with increasing stress the domains with smaller angles follow.Let us say
that in Fig. 75 s1=sP and q2=qP, then during the first loading curve all domains
with angles larger than qP have been subjected to elastic and plastic shear defor-
mation. If after complete unloading from the stress sP the second loading is
started, no plastic rotation can occur for a stress s<sP because the domains with
angles q≥qP allowing a shear stress |t|≥|ty| are absent. Owing to the permanent
contraction of the orientation distribution caused by the first loading and by the
absence of plastic rotation, the upward branch (4) of the second loading curve is
steeper than the corresponding first loading section (1).However,when the stress
during the second loading attains a value s>sP, the domains with an orientation
angle q<qP will be subjected to the shear yield stress. Accordingly, the chain ro-
tation will again contain a plastic contribution and as a result the tensile curve
will resume the course followed during the first loading, which is practically that
of the section beyond P of curve 4 and coincides with the first loading curve. As
we have discussed before, fibre fracture occurs when the shear stress attains the
critical shear stress value tb. This happens for a tensile stress sb in a domain with
the orientation angle qb of the contracted orientation distribution given by

|tb|
sb = 973 (144)

sinqb cosqb

Irrespective of the pre-loading procedure, during the second loading of the 
fibre there is also always a domain with an angle qb for which Eq. 144 holds.
Consequently fibre failure will occur at a stress not larger than sb, being the
strength observed at first loading of the fibre. Thus, even after first loading of
the fibre up to 95% of its original strength, the strength reached during the sec-
ond loading will neither be higher nor smaller. This mechanism of sequential
orientation of domains in the fibril consisting of viscoelastic and plastic rota-
tion of the chain axes holds for all polymer fibres showing yielding behaviour.

In the case of PpPTA fibres there is no indisputable evidence for a glass tran-
sition. Even at elevated temperatures the fibres display some yielding behaviour,
which implies that drawing at these temperatures occurs apparently below the
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glass transition temperature. Hence, it seems unlikely that drawing at these
temperatures will change the orientation distribution in such a way that the
largest orientation angle of the contracted distribution is considerably smaller
than the angle qb determining fracture during first loading of the fibre.At most,
hot drawing may slightly increase the critical shear stress tb by bringing about
a higher orientation and crystallinity in the domains. This leads us to believe
that post-drawing of PpPTA at elevated temperatures does not raise the fibre
strength considerably.

There are other effects that will prevent an increase of the fibre strength by
a post-drawing process step. Firstly, with increasing temperatures it is observed
that due to degradation the strength of polymer fibres decreases rapidly. Sec-
ondly, at constant creep stress the lifetime of a fibre decreases with increasing
creep temperature, which follows from Eqs. 135 and 140.As the increased ther-
mal motion of the chain reduces the strength of the interchain bonding, a
smaller value of g in these equations also reduces the fibre strength for a given
lifetime. Thus, it is important to know, for every post-drawing step at elevated
temperatures, the lifetime of the fibre at that particular drawing temperature.
If, for example, the lifetime of a PpPTA fibre for a stress of 0.3 GPa at 200 °C is
2 s, then a residence time of the yarn in the process of about 0.5 s during a post-
drawing step at this temperature will have a negative effect on the strength. Note
that this decrease is solely due to accelerated creep described by the Eyring 
reduced time model. Furthermore, the lifetime relation refers to strength values
that have been measured at a particular test length. Therefore, one should be
aware that the apparent or corresponding “test” length in the drawing step of the
process can be very different from the test length used in the experiment that
yielded the lifetime relation. In conclusion, it seems plausible to assume that dur-
ing the post-drawing stage at elevated temperatures a creep rupture process is
in progress. This effect and the chemical degradation are additional causes for
the absence of a substantial strength increase in a post-drawing stage at elevated
temperatures. So, the residence time of the fibre in any post-drawing process
step applied in a polymer fibre production process should be considerably
smaller than the lifetime of the fibre at the temperature of the post-drawing step.

The tensile curve of a polymer fibre is characterised by the yield strain and
by the strain at fracture. Both correspond with particular values of the domain
shear strain, viz. the shear yield strain e13

y=f/2 with 0.04<f<0.05 or a rotation
angle of Q–qy=f/2 and the critical shear strain Q–qb=b with b≈0.1. For a more
fundamental understanding of the tensile deformation of polymer fibres it will
be highly interesting to learn more about the molecular phenomena associated
with these shear strain values.

5.3
Effect of Residual Stress, Chemical Impurities and Degradation

In the preceding section it has been shown that it is unlikely that a post-draw-
ing step improves the fibre strength. However, in the case of rigid-rod polymer
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fibres the notable absence of a clear glass transition temperature does not rule
out the possibility that post-drawing of these fibres at elevated temperatures
cannot be considered as a cold drawing process. The lack of strength im-
provement in a post-drawing step may also be due to residual stresses.

The presence of impurities and inhomogeneities, as well as a difference in de-
gree of chain orientation between skin and core of a filament, may give rise to
residual stresses. Thus, loading and subsequent unloading of a fibre at temper-
atures below the glass transition temperature can induce residual stresses in the
same way as in the case of metals. Presumably, in rigid-rod polymer fibres the
mobility of the chains at these temperatures is too small for complete relaxation
of local residual stresses caused by loading of the fibre. Although internal or
residual stresses have attracted great interest, no definite proof has been given
that residual stresses are found in polymers, in particular in polymer fibres. Per-
haps, laser Raman spectroscopy offers a tool for measuring small residual
stresses.As already indicated in Sect.2.1,a residual stress implies a residual shear
stress, which has the same effect as a reduction of the critical shear stress.When
the sum of the residual shear stress and the applied shear stress exceeds the 
critical shear stress tb, the fibre will break. The stress relaxation rate at room
temperature of a PpPTA fibre at a stress of 0.65 GPa is about 0.04 GPa per
decade.Assuming a constant relaxation rate, this implies complete relaxation of
a residual stress of 0.6 GPa after 15 decades of time. Due to this very low relax-
ation rate, it is plausible that residual stresses brought about by post-drawing do
occur.

However, at first sight there seems to be a strong argument against the pres-
ence of residual stresses. A first rapid loading of a fibre up to about 95% of
the expected strength does not result in a lower strength observed in a second
tensile loading immediately after the first loading. In view of the creep rupture
process, this is explained by the argument that the lifetime at 95% of the
strength obtained with a normal tensile test is much longer than the time of
pre-loading up to 95% of the strength. Yet, there is an alternative explanation
as illustrated in Fig. 76 that leaves room for internal stresses. Two fracture en-
velopes are drawn for two values of the critical shear strength, viz. 0.365 and
0.375 GPa. For the fracture envelope with tb=0.375 GPa two tensile curves have
been drawn: for a low-modulus fibre with a strength of 3.5 GPa and for a high-
modulus fibre with a strength of 4.25 GPa.When the low-modulus fibre is sub-
jected to a post-drawing step raising the modulus to a value corresponding to
the drawn high-modulus curve, but at the same time introducing a residual
shear stress of 0.375–0.365=0.01 GPa, no strength increase will be achieved by
this process step. Suppose that in this figure sb

calc is the expected strength for a
fibre with a modulus of 122 GPa and a critical shear strength of 0.375 GPa, while
sb

red is the reduced strength of the fibre with the same modulus due to the resid-
ual stress. Thus, first loading up to 95% of the expected strength may increase
the modulus, which should be accompanied by some increase in strength. How-
ever, this increase will not be observed after a second loading due to the intro-
duction of residual stresses. Thus, pre-loading to 95% of the breaking strength
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may result in a higher modulus, but due to the build-up of residual stresses no
higher strength will be observed during a second tensile testing. Hence, because
of the low relaxation rate the investigation of residual stresses in high-modu-
lus and high-strength fibres made of rigid-rod chains deserves further atten-
tion.

As an example of the effect of large inhomogeneities on the strength and the
fracture morphology, Fig. 77 shows the location of the end points of the tensile
curves of filaments taken from a PpPTA yarn of low strength due to polymer
degradation in the spinning process. Filaments of low strength containing de-
graded polymer particles showed brittle fracture morphology, whereas fila-
ments without degraded polymer had a fibrillar fracture surface. Note that
nearly all the end points approximately follow the tensile curve of the fibre. In
the filaments of low strength the large particles of degraded polymer act as
stress concentrators. The fibrils around these particles are loaded to very high
stresses, presumably resulting in a highly oriented structure that, as we have
discussed earlier, will break in a brittle way displaying a brush- or bristle-like
fracture morphology.

The proposed model for creep rupture based on the condition of maximum
shear strain and the Eyring reduced time model explain the observed relations
concerning the lifetime of aramid, polyamide 66 and polyacrylonitrile fibres.
However, with increasing temperatures, in particular above 300 °C, chemical
degradation of PpPTA also determines the lifetime. Furthermore, the model
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Fig. 76 Illustration of the possible effect of residual stresses on the strength of a rigid rod
polymer fibre. The tensile curves of two hypothetical fibres of equal strength with a modu-
lus of 90 and 122 GPa are schematically represented by straight lines. The corresponding 
calculated fracture envelopes have been drawn, using g=1.0 GPa for the low-modulus fibre
and g=1.18 GPa for the high-modulus fibre



will lose its significance if at higher temperatures the parameters, such as I0, b,
g and W in Eqs. 135 and 140, change their value.
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1
Introduction

Regarding inorganic fibers, glass fibers and carbon fibers are well known all
over the world. In addition, alumina-silica fibers, single crystalline oxide fibers
and silicon carbide fibers, which show excellent oxidation resistance at high
temperatures in air, have been developed and commercialized except for sin-
gle crystalline oxide fibers. Of these, glass fibers and carbon fibers have made
a lot of progress in the field of reinforced plastics. In particular, carbon fiber has
already established a very big market. Oxide fibers such as alumina-silica fiber
are used for insulating fabric materials of space shuttles , and so forth. However,
at present those oxide fibers have not been able to make such a large market as
have carbon fibers whereas research on composite materials using oxide in-
terfaces are continuing in many research laboratories [1]. On the other hand,
silicon carbide fibers have achieved great progress in specific characteristics
[2–5] over the last six years. As a result, lots of advanced research on ceramic
composite materials to make the best use of their excellent heat-resistance and
oxidation-resistance have been carried out [6]. Furthermore, an excellent func-
tional ceramic fiber with a gradient surface layer was recently synthesized from
an organosilicon polymer making full use of the technology of the aforemen-
tioned fiber production. In this case, a general process for in-situ formation of
functional surface on ceramic fibers was proposed [7]. This process is charac-
terized by controlled phase separation (“bleed out”) of additives, analogous to
the normally undesirable outward loss of low-molecular-mass components
from some plastics; subsequent calcination stabilizes the compositionally
changed surface region, generating a functional surface layer. This approach 
is applicable to a wide range of materials and morphologies, and should find
use in catalysts (for example, photocatalysts), composites and environmental
barrier coatings.

The objective of this chapter is to review the advance in these fibers and 
refer to the prospect for the future technology of inorganic fibers.

2
Carbon Fiber and its Composites

Commercial production of carbon fiber was started in 1970, the second longest
history only after glass fiber. Several Japanese companies monopolize the man-
ufacturing and marketing of carbon fibers all over the world. Originally, car-
bon fiber was used in fiber-reinforced plastics (FRP) in structural materials,
making the best use of the light weight and high strength. The first application
to aerospace materials was the use of PAN-based carbon fiber (TORAY, T-300)
in 1976, when an energy-saving program for manufacturing airplanes was
started in the USA. After that, active market development led to use in the tail
assembly unit of a passenger plane (Boeing 777), in which a prepreg sheet
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(TORAY, P2301-19) composed of a high strength carbon fiber (TORAY, T-800)
and a high strength epoxy resin (3900-2) was formally certified.

Though the industrial position of carbon fiber was founded mainly on the
aforementioned FRPs, other applications making good use of the light weight,
high strength and heat resistance have been investigated for many years. The
temperature of the outside wall of the Space Shuttle (Fig. 1) locally increases to
over 1250 °C by air friction while passing through the atmosphere. In order to
withstand the high temperatures, many types of thermal protection system
(TPS) are adopted for the surface of the Space Shuttle. Of these, for several parts
(nose and front side of the wing of the shuttle) heating up to the highest tem-
peratures (over 1250 °C), black tiles constructed from carbon fiber/carbon
composites (C/C composites) are used.

In NASA Glenn Research Center, research on carbon fiber-reinforced SiC
composites (C/SiC) is actively being continued to produce thermostructural
materials which can be used in a much more severe environment [8]. The 
average mechanical properties of C/SiC are shown in Table 1 and the typical
stress-strain curves of the composites up to high temperatures are shown in
Fig. 2. As can be seen from this figure, the C/SiC maintained about 74% of the
room temperature strength up to 1480 °C. At present, this type of ther-
mostructural material is under development for the production of engine
parts. On the other hand, in France, to produce the abrasion material for a
rocket nozzle, a low cost DCCVI process (Direct Cooling Chemical Vapor 
Infiltration) was proposed instead of the former ICVI process (Isothermal
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Fig. 1 The outside appearance of the Space Shuttle

Table 1 Typical tensile properties of isothermal chemical vapor infiltration processed C/SiC

Composite architecture Tensile modulus GPa Tensile strength MPa

[0/90] 83 434
[0/±60] 69 269



Chemical Vapor Infiltration) [9]. As the carbon fiber itself is the main mater-
ial, a low cost production process for the composite itself and for coating the
composite might be advantageously investigated.

3
Oxide Fibers and their Composites

Except for glass fibers, synthetic oxide fibers (alumina-silica fibers) were pro-
duced in the early 1970s. These fibers, under the trade name Saffil (ICI), today
represent the most widely used filamentary reinforcement for light alloys.
Amorphous continuous fibers, based on mullite with boron added, were also
produced around the same time by 3 M under the trade name of Nextel-312.
Small-diameter continuous alpha-alumina fibers were produced, first by Du
Pont, in the 1970s and these began to be incorporated into metal matrix com-
posites toward the end of that decade. The composites that were produced
showed great improvements in stiffness and creep resistance when compared
to unreinforced aluminum; however, high cost and the brittleness of the fibers
then limited their use. Since 1980, other fibers based on alumina, often con-
taining a small amount of silica, or mullite have been produced which are eas-
ier to handle. However, often the presence of silica results in the reduction of
Young’s modulus and creep resistance.

Oxide fibers such as silica and alumina, which have oxidation stability and
insulating properties, are used for heat insulators, such as the TPS (Fig. 3) on
the upper part of the Space Shuttle. On the surface of the TPS, a coating of sil-
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Fig. 2 The typical tensile-stress/strain curves of the [0/90] plain weave C/SiC composites up
to high temperatures
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Fig. 3 Silica/alumina-based blanket for the TPS on the upper part of the Space Shuttle

Table 2 Physical properties of various oxide fibers

Fiber Manufacturer Composition, wt% Young’s Diame- Density
modulus ter mm g · cm–3

E, GPa

Almax Mitui Mining a-Al2O3 320~340 10 ~3.6
Altex Sumitomo 15SiO2-85Al2O3 200~230 9~17 ~3.2
Fiber FP Du Pont a-Al2O3 380~400 ~20 3.9
Nextel 312 3 M 24SiO2-14B2O3-62Al2O3 150 10~12 2.7~2.9
Nextel 440 3 M 28SiO2-2B2O3-70Al2O3 220 10~12 3.05
Nextel 480 3 M 28SiO2-2B2O3-70Al2O3 220 10~12 3.05
Nextel 550 3 M 27SiO2-73Al2O3 193 10~12 3.03
Nextel 610 3 M Al2O3 373 10~12 3.75
Nextel 720 3 M 15SiO2-85Al2O3 260 10~12 3.4
Nextel Z-11 3 M 32ZrO2-68Al2O3 76 10~12 3.7
PRD-166 Du Pont 80Al2O3-20ZrO2 360–390 14 4.2
Saftil ICI 4SiO2-96Al2O3 100 ~20 2.3
Safikon Safikon Al2O3 386~435 3 3.97

Sumitomo 
Sumica Chemical 15SiO2-85Al2O3 250 75~225 3.2

ica-based oxide material is applied to produce the stiffness to withstand the
aerodynamic stress.As the upper limit of the usable temperature of the present
silica-based coating material is 650 °C, above this temperature the molten coat-
ing material unites with the fibrous reinforcement to show the brittle behavior.
Thus, regarding the TPS, research to increase the hear-resistance of the inter-
face and coating materials, not to mention research on the fiber itself, has been
performed [10].

Under these conditions, many types of continuous oxide fiber were devel-
oped. The physical properties of these oxide fibers are shown in Table 2 [11].
Methods for preparation of these oxide fibers include spinning of a sol, a so-
lution, or slurry, usually containing fugitive organics as part of a precursor.
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Fig. 4 The high temperature strengths of representative oxide fibers including the Nextel
fibers (from: Bunsell AR, Berger M-H. Fine ceramic fibers. Marcel Dekker, New York)

Fig. 5 Comparison of creep behavior of three different Nextel fibers: note superior creep 
resistance of Nextel 720 fiber (data from 3 M Co.)
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Fig. 6 The tensile strength of various single crystalline oxide fibers at room temperature
and elevated temperatures

Among the oxide fibers, alumina-based and aluminosilicate fibers with near
mullite compositions are those most widely used. In particular, the 3 M Com-
pany has developed a series of oxide fibers. This series, called the Nextel fibers,
mainly consists of alumina and mullite type fibers. Nextel ceramic oxide fibers
are typically transparent, non-porous, and have a diameter of 10–12 mm. In this
series, Nextel 550 is a mullite fiber. Nextel 610 fiber, a polycrystalline alpha-
alumina fiber, has the highest modulus in this series, while Nextel 720, an 
alumina+mullite fiber, has the highest temperature- and creep-resistance in the
group. The high temperature strength and the creep behavior of representative
oxide fibers including these Nextel fibers are shown in Figs 4 and 5, respectively.
On the other hand, in order to increase in the high temperature strength of the
oxide fiber, lots of research on single crystalline oxide fibers was performed at
many companies in the 1970s. However, as can be seen in Fig. 6, all of these sin-
gle crystalline oxide fibers show a remarkable decrease in the tensile strengths
over 1100 °C. For the purpose of achieving an increase in the high temperature
strength, a eutectic fiber consisting of interpenetrating phases of alpha-
alumina and yttrium-aluminum-garnet (YAG) was developed. The structure
depends on the conditions of manufacture, in particular the drawing speed, but
can be lamellar and oriented parallel to the fiber axis. This fiber showed supe-
rior creep-resistance up to very high temperatures compared with other types
of oxide fibers (Fig. 7). At present, this fiber has not been commercialized be-
cause of the large fiber diameter (50–150 mm) and fewer production facilities.



4
Silicon Carbide Fibers

4.1
Overview

Silicon carbide fibers have been produced since the mid-1960s by chemical va-
por deposition onto a tungsten or carbon filament core. Large filaments of
100–140 mm diameter were produced: however, their dimensions and the lack
of flexibility limited their use for the reinforcement of metals such as aluminum,
titanium, and intermetallics. The development of fine silicon carbide fibers with
diameters of 10 mm opened up the possibility of reinforcing ceramic materials
to produce high-temperature structural composites. This was at the beginning
of the 1980s. Fine silicon carbide fibers are prepared by the melt spinning,
crosslinking, and pyrolysis of an organosilicon polymer (Fig. 8). They primar-
ily consist of fine SiC grains and several phases, that considerably influence the
characteristic behavior of the fibers. Since the production of the first Nicalon
fibers in 1980 by Nippon Carbon, improvements of the fabrication route and/or
modifications of the precursor polymer have permitted the development of
other SiC-based fibers by Nippon Carbon and Ube Industries. Lots of excellent
SiC-based fibers such as Nicalon fibers (Nicalon, Hi-Nicalon, Hi-Nicalon Type
S) of Nippon Carbon, Tyranno fibers (LoxM, ZMI, ZE, SA fiber) of Ube Indus-
tries, and Sylramic of Dow Corning were developed [2, 12–16]. The physical
properties of these SiC-based fibers are shown in Table 3. All of these fibers
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Fig. 7 Creep-resistance of the eutectic fiber consisting of interpenetrating phases of alpha-
alumina and yttrium-aluminum-garnet (YAG) up to very high temperatures compared with
other types of oxide fibers
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Table 3 Physical properties of representative SiC-based fibers

Fig. 8 Fundamental production process of SiC-based ceramic fiber using a polycarbosilane



have high strength and high heat-resistance, and applications as reinforce-
ment for thermostructural ceramic composites are actively being developed.
Microstructures for Nicalon, Hi-Nicalon and Hi-Nicalon Type S are shown in
Fig. 9.

As can be seen from this figure, the heat-resistance was remarkably im-
proved by the drastic changes in the microstructure from amorphous to poly-
crystalline structure.Another type of SiC-based fiber, SA fiber (2), has a sintered
SiC polycrystalline structure and includes very small amounts of aluminum.
This fiber exhibits outstanding high temperature strength, coupled with much
improved thermal conductivity and thermal stability compared with the
Nicalon and Hi-Nicalon fibers. The fabrication cost of the SA fiber is also 
reduced to near half of that of the Hi-Nicalon Type S [17]. The SA fiber makes
SiC/SiC composites even more attractive to the many applications [18]. In the
next section, the production process, microstructure and physical properties of
the SA fiber are explained in detail.

4.2
Excellent Heat-Resistant SiC-Based Fiber (SA Fiber)

The high-temperature stability of SiC-based ceramics is well-known, and there-
fore its composite materials have been investigated for application to high-tem-
perature structural materials [19–21]. However, well-known SiC-based fibers
and matrix-materials stained with alkali salt are easily oxidized at high tem-
peratures in air [22]. This would be a serious problem when these materials 
are used near the ocean or in a combustion gas containing alkali elements. In
particular, a silicon carbide fiber containing boron (a well-known sintering aid
for SiC) over 1 wt% was extensively oxidized under the above condition. In this
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Fig. 9 Microstructures for Nicalon, Hi-Nicalon and Hi-Nicalon Type S



section it is explained that a sintered SiC fiber (SA fiber) containing a very
small amount of Al showed high-strength, high-modulus, excellent high tem-
perature stability and prominent alkali-resistance. Moreover, this fiber shows
excellent creep resistance at very high temperatures compared with well-known
SiC-based fibers. The SA fiber was synthesized at a very high temperature over
1800 °C using an amorphous Si-Al-C-O fiber as the starting material. Its high
strength of over 2.5 GPa was maintained up to 2000 °C in Ar atmosphere and
very little weight loss (only 1.8 wt%) was observed up to 2200 °C. The fabrica-
tion process of the SA fiber is as follows.

Si-Al-C-O fiber (an intermediate fiber) was synthesized by the use of polya-
luminocarbosilane prepared by the reaction of polycarbosilane (-SiH(CH3)-
CH2-)n with aluminum(III)acetylacetonate. The reaction of polycarbosilane
with aluminum(III)acetylacetonate proceeded at 300 °C in a nitrogen atmos-
phere by the condensation reaction of Si-H bonds in polycarbosilane and the
ligands of aluminum(III)acetylacetonate accompanied by the evolution of
acetylacetone [23], and then the molecular weight increased by the cross-link-
ing reaction with the formation of a Si-Al-Si bond. Polyaluminocarbosilane was
melt-spun at 220 °C, and then the spun fiber was cured in air at 160 °C. The
cured fiber was continuously fired in inert gas up to 1300 °C to obtain an amor-
phous Si-Al-C-O fiber (an intermediate fiber). This fiber contained non-stoi-
chiometric excess carbon and oxygen of about 12 wt%. The Si-Al-C-O fiber was
converted into the SA fiber by way of decomposition accompanied by the release
of CO gas at temperatures from 1500 °C to 1700 °C and sintering at temperatures
over 1800 °C [2]. In this sintering process, aluminum plays a very important role
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Fig. 10 Structural transition from Si-Al-C-O fiber to SA fiber at high temperatures



as a sintering aid. This conversion process is schematically shown in Fig. 10. In
order to obtain a strong SA fiber, the content of aluminum in the fiber has to
be controlled to less than 1 wt%. The SA fiber with a controlled amount of alu-
minum under 1 wt% showed a smooth surface and densified structure (Fig. 11).
Moreover, in this case, SA fiber showed transcrystalline fracture behavior
(Fig. 12B). On the other hand, the undesirable sintered fiber with a large amount
of aluminum showed intercrystalline fracture behavior (Fig. 12A). These phe-
nomena are presumed to be related to the upper limit of solid-soluble con-
centration of aluminum to SiC crystal [24]. From the TEM image (Fig. 13) of the
desirable SA fiber, no obvious second phase is observed at the grain boundary
and triple point. EDS (energy dispersive X-ray spectroscopy) spectra taken at
these places did not indicate the presence of aluminum within the detectability
limit of aluminum (~0.5 wt%) for the EDS system used.

SA fiber showed high tensile strength and modulus of over 2.5 GPa and over
300 GPa, respectively. The initial strength was preserved after heat-treatment
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Fig. 11 Surface and cross-section of the SA fiber

Fig. 12A,B The relation between the aluminum content and the fracture behavior of the SA
fiber



at 2000 °C for 1 h in Ar (Fig. 14). On the other hand, the strength of a repre-
sentative SiC fiber (Hi-Nicalon) was reduced to 65% and 40% of the initial
strength by heating in Ar for 1 h at 1550 °C and 1800 °C, respectively. And fur-
thermore, the relative strength of SA fiber exposed in air at 1000 °C or 1300 °C
for 100 h was 100% or 55%, respectively, whereas that of Hi-Nicalon exposed
under the same testing condition was 73% or 23%, respectively. From these 
results, this fiber is found to show excellent heat-resistance and oxidation-re-
sistance among all types of SiC-based continuous fibers. This thermal stability
of SA fiber is assumed to be caused by the densified and sintered structure
composed of nearly stoichiometric SiC crystal.
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Fig. 13 TEM image at the grain boundary of SA fiber

Fig. 14 Heat resistance of SiC-based fibers (tensile strength after heat-treatment in Ar for 1 h)



As mentioned above, this type of SiC-based fiber has been mainly developed
for high temperature application. Therefore, its heat-resistance, creep-resis-
tance and chemical resistance under severe conditions at high temperatures are
very important. Figure 15 shows the result of the creep-resistance of SA fiber
in comparison with other SiC-based fibers. In this testing, the tensile creep be-
haviors of four types of SiC-based fibers at 1300 °C and 1400 °C were evaluated.
In this figure, SA1 and SA3 fibers are shown. The differences between SA1 and
SA3 are shown in Fig. 16. As can be seen from Fig. 15, the order of the creep 
resistance of these fibers is as follows: Hi-Nicalon Type S>SA3>Sylramic>SA1.
All of these crystalline fibers are found to show excellent creep resistance.
Furthermore, the production cost of the SA fiber (SA3 and SA1) is the lowest
of these fibers, because SA fiber does not adopt the following two types of
production process. One is the electron curing process, which is an important
process for preparing Hi-Nicalon Type S. In the case of SA fiber, low cost 
curing process using air at relatively low temperatures is adopted. This process
is almost similar to an oxidation process. Second is the chemical vapor incor-
poration of a sintering aid into the intermediate inorganic fiber. This process
is very important for preparing Sylramic, but at very high cost and lower 
production ability. In the case of SA fiber, an element as the sintering aid (alu-
minum) is introduced into the precursor polymer, and then the aforemen-
tioned second process like or such as preparing Sylramic (chemical vapor in-
corporation of a sintering aid) is not needed.

Next, the alkali-resistance of SA fiber is described in detail compared with
other type of SiC polycrystalline fiber using boron instead of aluminum as the
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Fig. 15 The result of the creep-resistance of SA fiber in comparison with other SiC-based
fibers



sintering aid. SiC ceramics have been well-known as very stable materials at
high temperatures in air. The good oxidation resistance of SiC in air is due to
the protection provided by the layer of vitreous silica (oxidation product).
However, in the case of ordinary SiC materials, the silica can devitrify rapidly
in the presence of alkali elements, which results in enhanced oxidation. When
these SiC materials are used near the ocean or in a combustion gas containing
alkali elements, these phenomena cause serious problems. Therefore, we ex-
amined the stability of SA fiber in the presence of alkali salt. To study the 
effect of salt existence on the fiber at high temperatures in air, the following 
experiments were conducted [22]. The SA fiber was immersed in deionized 
water saturated with NaCl at room temperature for 15 min, and then annealed
at 1000 °C for 2 h in air. At the same time, in order to conduct a comparative
study, a SiC crystalline fiber including boron of 1.5 wt%, prepared by heat-treat-
ing an amorphous Si-C-O fiber under an argon gas atmosphere including B2O3
vapor, was also tested in the same way. Figure 17 shows an FE-SEM micrograph
of the surfaces of the tested fibers.As can be seen from this micrograph, the SA
fiber including a small amount of aluminum exhibits a very smooth surface. On
the other hand, the SiC crystalline fiber including boron of 1.5 wt% instead of
aluminum was extensively oxidized, and many cracks could then be observed
on the surface. Both aluminum and boron with small amount of carbon are
well-known as good sintering aids for SiC crystal [25, 26]. However, from the
result of the above-mentioned test, aluminum is found to be suitable for the
synthesis of alkali resistant SA fiber. The difference in the oxidation behavior
between the two fibers is presumed to be related to the basicity of the oxide ma-
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Fig. 16 The differences between SA1 and SA3



terial formed by oxidation of the fiber’s element. The main elements of the SA
fiber and the boron-containing SiC crystalline fiber are Si-C-Al and Si-C-B,
respectively. The representative oxide materials of these elements are SiO2,
Al2O3 and B2O3. Of these, both SiO2 and B2O3 are acid materials, whereas Al2O3
is an amphoteric material. That is to say, the surface oxide layer of the oxidized
former fiber (SA fiber) includes an amphoteric material. Generally, amphoteric
or basic oxide-materials show good alkali-resistance compared with acid 
oxide-materials [27]. In addition, in the comparative study, the strength of a
representative SiC fiber (Hi-Nicalon), which does not include both boron and
aluminum, was enormously reduced to below 10% of the initial strength under
the above testing condition. It is concluded that the inclusion of a small amount
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Fig. 17 The surface of the tested fibers as follows (fibers were immersed in deionized 
water saturated with NaCl at room temperature for 15 min, and then annealed at 1000 °C for
2 h in air)

Fig. 18 Coefficient of fracture-resistance to thermal stress of several materials (Institute of
Advanced Energy, Kyoto University, Japan Science and Technology Corporation)



of aluminum in the SA fiber plays a very important role in obtaining very 
excellent oxidation-resistance in the presence of an alkali element.

Finally, excellent thermal conductivity of SA fiber (about 64 W/mK), which
is twice as high as that of alumina, is introduced. SA fiber can be used for 
thermal shock resistant composites making the best use of the high thermal
conductivity. The thermal-shock resistant ability of the SA fiber-reinforced
composite is shown in Fig. 18 compared with other composites.As can be seen
from the equation shown in the figure, the larger the maximum strength and
thermal conductivity, the higher the index number for realizing the excellent
thermal shock-resistance. It should be noted that the fracture-resistance to
thermal stress remarkably increased by the use of SA fiber. In order to fabricate
the good thermo-structural composites, SA fiber is mainly used as the fabric
shown in Fig. 19.

4.3
Thermally Conductive, Tough Ceramic Making the Best Use of Production Process
of SA Fiber

A new type of toughened SiC-based material containing perfectly close-packed,
very fine hexagonal-columnar fibers, which consist of a sintered structure of
beta-SiC crystals, is introduced.At the interface between the hexagonal-colum-
nar fibers, a very thin interfacial carbon layer uniformly exists, which results in
a fibrous fracture behavior. This material has a very high fiber volume fraction
(~100%), and showed excellent oxidation resistance even at 1600 °C in air and
maintained the initial high strength up to such high temperatures. Furthermore,
this material (SA-Tyrannohex) showed relatively high thermal conductivity
even at high temperatures (>1000 °C), which would allow its use in the fabrica-
tion of high-temperature heat exchanger components. First, the production
process is shown as follows.
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Fig. 19 8HS fabric made of a very thin SA fiber (diameter: 7~8 mm)



An amorphous Si-Al-C-O fiber, which is the intermediate fiber for preparing
the aforementioned SA fiber and also the starting material for fabricating 
the SA-Tyrannohex, was synthesized from polyaluminocarbosilane, which was 
prepared by the reaction of polycarbosilane (-SiH(CH3)-CH2-)n with alu-
minum(III)acetylacetonate. The reaction of polycarbosilane with aluminum-
(III)acetylacetonate proceeded at 300 °C in a nitrogen atmosphere through the
condensation reaction of Si-H bonds in polycarbosilane and the ligands of
aluminum(III)acetylacetonate accompanied by the evolution of acetylacetone
[23]. The molecular weight then increased due to the cross-linking reaction in
the formation of Si-Al-Si bond. Polyaluminocarbosilane was melt-spun at
220 °C, and then the spun fiber was cured in air at 153 °C. The cured fiber 
was continuously fired in inert gas up to 1350 °C to obtain an amorphous 
Si-Al-C-O fiber with diameters of about 10 mm (87% between 8 and 12 mm).
This fiber contained a nonstoichiometric amount of excess carbon and oxygen
(about 11 wt%). Unidirectional sheets with thicknesses of about 100 mm were
prepared with the Si-Al-C-O fiber. Laminated materials, prepared with the 
unidirectional sheets, were hot-pressed at 1800 °C and 50 MPa to obtain the SA-
Tyrannohex mainly composed of beta-SiC crystals [28]. During hot-pressing,
the amorphous Si-Al-C-O fiber was converted into a sintered SiC fiber by way
of decomposition, which released CO gas, and a sintering process accompanied
by a morphological change from a round columnar shape to a hexagonal
columnar shape. In this sintering process, the concentration of aluminum in the
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Fig. 20 The production process of the SA-Tyrannohex



fiber has to be controlled to less than 1 wt%. Such a sintered SiC fiber element
(with <1 wt% Al) showed a densified structure and transcrystalline fracture 
behavior, which is almost same as that of the aforementioned SA fiber. The 
production process of the SA-Tyrannohex is shown in Fig. 20.

The SA-Tyrannohex showed a perfectly close-packed structure of the hexag-
onal-columnar fibers with a very thin interfacial carbon layer, as can be seen in
Fig. 21A. The interior of the fiber element was composed of sintered beta-SiC
crystal without an obvious second phase at the grain boundary and triple points.
Energy-dispersive X-ray (EDX) spectra taken at these places did not indicate the
presence of aluminum within the detectability limit (~0.5 wt%) for the EDX sys-
tem used. Because of the existence of the very thin interfacial carbon layer, the
SA-Tyrannohex exhibited a fibrous fracture behavior and a large amount of
fiber pull-out could be observed, as shown in Fig. 21B. Accordingly, the SA-
Tyrannohex showed nonlinear fracture behavior and relatively high fracture 
energy (1200 J/m2) compared with monolithic ceramic (for example, 80 J/m2 of
silicon nitride) (Fig. 22). This is closely related to the high fiber volume fraction
and the existence of a strictly controlled interphase. The interfacial carbon layer
has a turbostratic layered structure oriented parallel to the fiber surface.

The SA-Tyrannohex showed excellent high-temperature properties com-
pared to ordinary SiC-CMCs. The result of a four-point bending test of the 
SA-Tyrannohex up to high temperatures is shown in Fig. 23. The SA-Tyranno-
hex retained its initial strength up to 1600 °C, whereas the Hi-Nicalon SiC/SiC
showed a definite decrease in strength at temperatures above 1200 °C [29].
Other types of SiC/SiC composites also show the same behavior as the Hi-
Nicalon SiC/SiC [30, 31]. In general, the high-temperature properties of con-
ventional SiC-CMCs are closely related to the high-temperature strength of the
reinforcing fiber. The strength of Hi-Nicalon gradually decreases with an in-
crease of measuring temperature, even in an inert atmosphere; at 1500 °C the
strength is about 43% of its low-temperature strength [32]. Accordingly, it has
been concluded that the above reduction in the strength of the Hi-Nicalon
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Fig. 21 The cross-section and fracture surface of SA-Tyrannohex. This shows relatively large
fracture energy (~2000 J/m2), higher proportional limit (about 120 MPa) and high tensile
strength (200 MPa)



SiC/SiC is due to the change in the fiber property at high temperatures. However,
the sintered SiC fiber,which consists of the same composition and interior struc-
ture as the SA-Tyrannohex, is very stable up to 2000 °C [2]. Moreover, the 
sintered SiC fiber shows negligible stress relaxation up to higher temperatures
compared with other representative SiC fibers. Based on these findings, the
high-temperature strength of the SA-Tyrannohex is attributed to the high-tem-
perature properties of the fiber element.

Researchers have been developing SiC-CMCs in order to obtain an oxida-
tion-resistant, tough thermostructural material. In general, a SiC-based ma-
terial easily forms a protective oxide layer on its surface at high temperatures 
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Fig. 22 Bending load-displacement curve of SA-Tyrannohex using chevron notch spacemen
at room temperature

Fig. 23 Temperature-dependence of bending strength of SA-Tyrannohex in air



in air, leading to the well-known excellent oxidation resistance. The formation
of the protective oxide layer proceeds in air according to the following reac-
tion:

2SiC + 3O2 = 2SiO2 + 2CO  

In this reaction, the oxygen diffusion through the oxide layer is the rate-de-
termining step. However, at temperatures above 1600 °C in air, considerable 
vaporization of SiO or SiO2 from the formed oxide layer begins to occur, so that
a weight loss of the SiC-based material becomes conspicuous under the above
conditions.Accordingly, as long as non-coated SiC-based material is used in air,
the upper limit of temperature is at around 1600 °C. The SA-Tyrannohex, which
showed no change even at 1900 °C in argon, also showed no marked weight loss
up to 1600 °C in air, a temperature at which this material still retains its initial
strength. From these findings, the SA-Tyrannohex is found to furnish with suf-
ficient heat-resistance even in air.

The SA-Tyrannohex has potential for use in heat exchangers due to its 
relatively high thermal conductivity at temperatures above 1000 °C. Figure 24
shows the thermal conductivity of the SA-Tyrannohex in the direction through
the thickness and the fiber direction along with other materials including rep-
resentative SiC/SiC composite (CVI).

In general, the thermal conductivity of ceramics with strong covalent bonds
is caused mainly by the transmission of phonons (lattice vibration).According
to this theory [33], the desirable conditions for high thermal conductivity are
as follows: (i) small mass of constituent atoms, (ii) strong bonding strength be-
tween the constituent atoms, (iii) short distance between neighboring atoms,
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Fig. 24 Thermal conductivity of SA-Tyrannohex compared with other materials including
metals



(iv) simple crystalline structure, and (v) high symmetry in lattice vibrations.
Fundamentally, although the SiC crystal satisfies the above conditions, in the
case of polycrystalline ceramics like the present SA-Tyrannohex, an ordered
structure at the grain boundary is important for obtaining high thermal con-
ductivity.As mentioned above, in the fiber element of the fiber-bonded ceramic,
many SiC crystals of 0.1 to 0.4 mm in diameter are directly in contact with other
similar crystals without any obvious intercrystalline phase. Furthermore, the
fiber-bonded ceramic showed almost void-less structure (porosity, less than
1 vol.%) and very high fiber volume fraction (~100%). This structure accounts
for the very high thermal conductivity of the SA-Tyrannohex compared with
other representative SiC-CMCs. For example, the thermal conductivity of
Nicalon-SiC/SiC (CVI) with a pyrolytic carbon interface is about 7 W/mK.

5
Strong Photocatalytic Fiber (Titania/Silica Fiber) Produced
from Polycarbosilane

As mentioned above, many types of polymer-derived ceramic fibers have been
developed using a polycarbosilane (-SiH(CH3)-CH2-)n as the starting material.
Recently, using this base technology (precursor methods using a polycarbosi-
lane), other types of ceramic fibers with functional surface layers with a
nanometer-scale compositional gradient [7, 34] were produced. These fibers
were produced from a polycarbosilane containing an excess amount of selected
low-molecular-mass additives, which can be converted into functional ceram-
ics by heat-treatment. Thermal treatment of the precursor fiber leads to con-
trolled phase separation (“bleed out”) of the low-molecular-mass additives
from inside to outside of the precursor fibers. After that, subsequent calcina-
tion generates a functional surface layer during the production of bulk ceramic
components. As the embodied functional material of the abovementioned
process, a strong photocatalytic fiber composed of anatase-TiO2 surface struc-
ture and silica core structure was developed [7].

Anatase-TiO2 is well known as one of semiconductor catalysts, that exhibit
a better photocatalytic activity by irradiation of a light whose energy is greater
than the band gap (3.2 eV) [35]. The photocatalytic activity appears by irradi-
ation of an ultraviolet (UV) light whose wavelength is shorter than 400 nm. The
decomposition of harmful substances using the photocatalytic activity of
anatase-TiO2 has attracted a great deal of attention [36–39]. This effect is at-
tributed to the generation of the strong oxidant ·OH radical according to the
following reactions:

TiO2 + hn Æ e– (electron) + p+ (hole) (excitation of TiO2 by light) (1)

p+ (hole) + OH– Æ ·OH (H2O Æ H+ + OH–) (2)

Oxidation of harmful substances by the formed ·OH (3)
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At present, most researches have been performed using a film or powder 
material. Of these, powder photocatalysts have some difficulties in practical use.
For example, they have to be filtrated from treated water. Film photocatalysts
cannot provide sufficient contact area with harmful substances. In order to avoid
these problems, other types of research concerning fibrous photocatalysts have
been conducted. However, up to the present, it has not been achieved to combine
excellent photocatalytic activity and high fiber strength as long as sol-gel
method was adopted. According to the new process, which will be introduced
in this section, the development of a new photocatalytic, strong (2.5 GPa) and
continuous fiber with small diameter (8 mm) was achieved. Namely, a type of
titania-dispersed silica-based fiber with a sintered anatase-TiO2 layer on the
surface was developed. The surface layer comprised of nanoscale TiO2 crystals
(8 nm) was strongly sintered and exhibited excellent photocatalytic activity,
which can lead to the efficient decomposition of harmful substances and bac-
terium contained in air and/or water by irradiation of UV light. In this section,
the aforementioned photocatalytic fiber produced by the new in situ process
and its actual applications are described. The photocatalytic fiber (titania/
silica fiber) is produced by the following process. Polytitanocarbosilane con-
taining an excess amount of titanium alkoxide was synthesized by the mild 
reaction of polycarbosilane (-SiH(CH3)-CH2-)n (20 kg) with titanium(IV) tetra-
n-butoxide (20 kg) at 220 °C in nitrogen atmosphere. The obtained precursor
polymer was melt-spun at 150 °C continuously using melt-spinning equipment
with a winding drum. The spun fiber, which contained excess amount of non-
reacted titanium alkoxide, was pre-heat-treated at 100 °C and subsequently
fired up to 1200 °C in air to obtain continuous transparent fiber (diameter:
8 mm). The appearance is shown in Fig. 25. In the initial stage of the pre-heat-
treatment, effective bleeding of the excess amount of nonreacted titanium com-
pound from the spun fiber occurred to form the surface layer containing large
amount of titanium compounds. During the next firing process, the pre-heat-
treated precursor fiber was converted into a titania-dispersed, silica-based fiber
with a sintered TiO2 layer on the surface according to the following reactions:

1. (-SiH(CH3)-CH2-)n+4.5O2=nSiO2+3nH2O+2nCO2
2. Ti(OC4H9)4+24O2=TiO2+18H2O+16CO2
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Fig. 25 The appearance of the photocatalytic fiber (diameter: 5~7 mm, strength: 2.5 GPa)



3. Formation of TiO2 and SiO2 from the reacted polycarbosilane
4. Densification and/or sintering of SiO2 phase and TiO2 phase

The fundamental concept of a new production process for the titania/silica
fiber is shown in Fig. 26. The important feature of this method is that the 
surface titania layer of the fiber is not deposited on the substrate, but is formed
during the production of the bulk structure. The gradient-like structure 
resulted in strong adhesion between the surface TiO2 layer and the bulk mate-
rial, which is different from the behavior of other coating layers formed on sub-
strates by means of conventional methods. Accordingly, this TiO2 surface layer
definitely did not drop off after heat-cycling, washing or rubbing. This fiber con-
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Fig. 26 The fundamental concept of a new production process for the TiO2 fiber

Fig. 27 X-ray diffraction pattern of our TiO2 fiber. The TiO2 fiber was pulverized, and the
X-ray diffraction pattern of the powder was recorded with a Rigaku X-ray diffractometer
with CuKa radiation with a nickel filter



tained 9.4% of titanium, 43.6% of silicon and 47% of oxygen, and was mainly
composed of anatase-TiO2 along with amorphous silica (Fig. 27).Although this
fiber was fired at very high temperature (1200 °C), no obvious rutile phase could
be observed. It is well known that anatase-TiO2 converts to rutile at temperatures
ranging from 700 °C to 1000 °C. In particular, pure nanocrystalline anatase 
easily converts to rutile at lower temperature (~500 °C) [40]. In the aforemen-
tioned new process, it is thought that the surrounding SiO2 phase caused the
stabilization of the anatase phase.At the interface between TiO2 and SiO2, atoms
constructing TiO2 are substituted into the tetrahedral SiO2 lattice forming tetra-
hedral Ti sites [41]. The interaction between the tetrahedral SiO2 species and
the tetrahedral Ti sites in the anatase is thought to prevent the transformation
to rutile.

As can be seen from Fig. 28, the surface of our TiO2 fiber is densely covered
with nanoscale anatase-TiO2 particles (8 nm), which are strongly sintered with
each other directly or through with amorphous silica phase (Fig. 28D). The
thickness of the surface TiO2 layer is approximately 100~200 nm (Fig. 28C). The
tensile strength of this fiber measured by a single filament method was ap-
proximately 2.5 GPa. This mechanical strength is markedly superior to that 
of existing photo-catalytic TiO2 fibers (<1 GPa), which were produced by a 
sol-gel method [42] or using polytitanosiloxanes [43]. The high strength of
the titania/silica fiber is closely related to the dense structure without pores,
which is caused by its higher firing temperature compared with previous 
TiO2 fibers.
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Fig. 28a–d SEM micrographs and TEM image of our TiO2 fiber: a, b SEM micrographs of
the surface (b – enlarged one of a part of the surface); c, d TEM image of our TiO2 fiber (c –
enlarged one of the surface layer). SEM micrographs and the TEM image were obtained with
a Hitachi S-5000 operating at 5 kV, and a JEM 2010F operating at 200 kV, respectively



The photocatalytic activity of this titania/silica fiber was investigated using
closed circulation equipment with UV light and a heater (Fig. 29). The felt ma-
terial (0.3 g) of this fiber was placed in a quartz reactor. The thickness of this
felt material was adjusted for UV light not to leak through the felt material to
the reverse side. The ambient air including 250 ppm of acetaldehyde sealed in
this equipment was initially circulated without UV light irradiation for 20 min
in order to obtain adsorption equilibrium. This circulating gas was perfectly
passed through the felt material of the titania/silica fiber. Subsequently, UV
light (1 mW/cm2) was irradiated at various temperatures with circulation
(1 L/min). The changes in the concentration of acetaldehyde and CO2 were
measured every 10 min using gas chromatography. The result after 60 min is
depicted in Fig. 30 along with that of a comparative study using silica fiber. Be-
low 300 °C, both fibers markedly adsorbed acetaldehyde solely by circulation
for 20 min.Adsorption was not observed at 400 °C for either fiber. It is consid-
ered that a significant decrease in the concentration at 500 °C was caused by
thermal degradation. Regarding the adsorption and thermal degradation of ac-
etaldehyde without UV light irradiation, no large differences were observed be-
tween two types of fibers.After the circulation for 20 min, UV light irradiation
was started. In the system using the titania/silica fiber, an abrupt decrease in the
concentration of acetaldehyde was observed, accompanied by the formation of
CO2 gas. On the other hand, in the system using silica fiber, such a photocat-
alytic decomposition of acetaldehyde did not occur.

The photocatalytic effect of TiO2 has been known for a long time.To date,most
researches concerning this effect have been performed using powder or film ma-
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Fig. 29 The closed circulation equipment with UV light and a heater. The reactor, in which
the felt material (0.3 g) of our TiO2 fiber was placed, was made of quartz. Black light was used
as a light source of UV light



terial of TiO2. In the case of powder material, the catalyst filtration step after the
photocatalytic decomposition of the organic material is necessary. Besides, a film
material could not achieve a large contact area compared with the felt material
of the thin titania/silica fiber. The strong thin titania/silica fiber also has good
fabrication ability, and thus can be used widely – for example, in wastewater, in
combustion gas, in ambient air containing harmful materials, and so forth.

It is well known that the catalytic effect of TiO2 is attributed to the generation
of a strong oxidant, hydroxyl radicals [44]. Following this theory, the quantum
efficiency of the felt material prepared with the titania/silica fiber was calculated
from the aforementioned result. In this case, if the number of molecules is 
significantly larger than the number of photon, acetaldehyde is oxidized to
CH3COOH as follows:

CH3CHO + H2O + 2H+ = CH3COOH + 2H+

*Semiconductor (such as TiO2) + hn(energy of photon)=e– (electron)+h+ (hole)
In this case, the apparent quantum efficiency (QE) of the felt material pre-

pared from the titania/silica fiber is calculated by the following equation:

QE = 2 ¥ (Number of decomposed molecules) (Number of incident photons)
Wavelength = 352 ¥ 10–9 m, Intensity of UV light = 1 mW/cm2 = 10 J/s/m2

Actual irradiation area = 8.33 ¥ 10–4 m2

The calculation result using these values is presented in Fig. 31. As can be seen
from this figure, the felt material of the titania/silica fiber showed an extremely
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Fig. 30 Changes in the concentrations of acetaldehyde and CO2 solely by circulation with-
out irradiation and after subsequent irradiation of UV light at various temperatures. The felt
material (0.3 g) was placed at the center of the quartz reactor. The initial concentration of
acetaldehyde was 250 ppm.



high QE value even at room temperature (37%). Furthermore, at higher tem-
peratures over 200 °C, an excellent QE value (over 70%) was obtained. However,
actual QE values are thought to be much higher than those values, because the
formation of CO2 was obviously observed. It is believed that these higher 
values at high temperatures are attributable to the evaporation of the formed
acetic acid adsorbed on the fiber surface. These excellent QE values could be 
realized by the dense existence of nanoscale anatase-TiO2 crystals (8 nm) on the
surface. These nanoscale crystals are considered to facilitate the diffusion of
excited electrons and holes toward the surface before their recombination.

Lastly, the coliform-sterilization ability of this fiber was confirmed as follows.
The titania/silica fiber (0.2 g) was placed in wastewater (20 ml) containing col-
iform of 2¥106 ml–1. Irradiation of UV light (2 mW/cm2) was performed at room
temperature, and then a small amount of the wastewater was extracted every 1 h.
After cultivation using the extracted water, the amount of active coliform was 
calculated from the number of formed colonies. In this experiment, all of the co-
liform included in the wastewater was completely sterilized within 3 h. In this ex-
periment, using the desirable fiber covered with very fine titania crystals (8 nm),
all of the coliform in the wastewater was completely sterilized within 5 h ac-
companied by the generation of CO2. In the comparative study, using undesirable
fibers covered with large titania crystals (9~11 nm), sterilization of the coliform
was markedly slow (Fig. 32). From the results, the size of the titania crystal is
found to be closely related to the photo-catalytic activity. It is assumed that, in the
case of large crystals, the recombination (inactivation) of the hole and excited
electron generated by UV irradiation easily occurs (Fig. 33). In order to suppress
the recombination and obtain the good photo-catalytic activity, the creation of
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Fig. 31 The apparent quantum efficiency of the titania/silica fiber. The wavelength and the
intensity of the light at the surface of the felt material were 352 nm and 1 mW/cm2, respec-
tively. Actual irradiation area perpendicular to the ray of light was 8.33¥10–4 m2
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Fig. 32 The results of extinction activity of coliform using the photo-catalytic fiber with UV
irradiation

Fig. 33 The relationship between the photo-catalytic activity and the size of a titania crystal

the smaller titania crystals is very important. The new process described in this
section is very desirable for controlling the size of fine crystals, because both the
bleed-out phenomenon of the low-molecular-mass additive and the crystalliza-
tion of the functional material proceed competitively. Industrial application of
the photocatalytic fiber with a gradient titania layer is shown as follows.

A circulation purifier for pollutants (Fig. 34) was developed using the felt
material made of the aforementioned photo-catalytic fiber. This is a very sim-
ple purifier with a module composed of the cone-shaped felt material (made
of the photo-catalytic fiber) and UV lamp. Purification of the bath water of a
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Fig. 34 Circulation purifier for pollutants using photo-catalytic fiber with a UV lamp

Fig. 35 Purification test of the water of a circulation bath system using the circulation 
purifier (bath size: 8 m3, users: 200 persons/day, circulation of water: 3 m3/h in the water-
purifier, sampling: directly from the bath)
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Fig. 36 The results of the purification test using the circulation purifier (bath size: 8 m3,
users: 200 persons/day, circulation of water: 3 m3/h in the water-purifier, sampling: directly
from the bath)

Fig. 37 Decomposition of dioxin using the circulation purifier (photo-intensity: 10 mW/cm2,
water quantity: 120 L, circulation: 400 L/h)



circulation bath system was performed using the above purifier (Fig. 35). Many
bacteria (common bacterium, Legionera pneumophila and coliform), which ex-
isted in the bath water before the purification, were perfectly decomposed into
CO2 and H2O using the above purifier (Fig. 36).

Furthermore, the photo-catalytic fiber can be used for the purification of the
many types of wastewater. Figure 37 shows the result regarding a decomposi-
tion of dioxin contained in a wastewater. In this case, 95.1% of the dioxin was
found to be decomposed after only 2 h. Moreover, the muddiness of the pool
water was remarkably improved by the passage through the purifier (Fig. 38)
along with a decrease in the organic filth and chloramines.

6
Oxidation-Resistant SiC-Based Fiber with a Gradient Surface Layer 
Composed of Zirconia

The oxidation-resistant SiC fiber was prepared from polycarbosilane contain-
ing Zr(OC4H9)4 by the same process as that used for the aforementioned tita-
nia/silica fiber, except that the calcination was performed in Ar atmosphere 
at 1400 °C. In this case, the polycarbosilane and Zr(OC4H9)4 were effectively
converted into SiC-based bulk ceramic and zirconium oxide (cubic zirconia).
Before the conversion, bleed-out of the zirconium compound proceeded effec-
tively. AES depth analysis of the fiber surface showed an increase in the con-
centration of zirconium towards the surface. This construction was confirmed
by the TEM image of the cross-section near the fiber surface. This indicates the
direct production of a SiC-based fiber covered with a ZrO2 surface layer, which
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Fig. 38 Improvement of the muddiness of the pool water by the passage through the purifier



has a gradient-like composition towards the surface. In general, amorphous
fibers covered with ceramic crystal do not show high strength. However, this
fiber showed relatively high strength (2.5 GPa) compared with other SiC fiber
(2.1 GPa) coated with zirconia nanocrystals by means of the sol-gel method.
The initial strength of the SiC fiber used for the comparative study was 3.1 GPa.
The ZrO2 surface layer, a basic oxide material, can provide better alkali resis-
tance for SiC ceramics. In order to confirm the better alkali resistance for the
aforementioned ZrO2-covered SiC fiber, the following experiment was per-
formed. The fiber material was immersed for 15 min in deionized water satu-
rated with potassium acetate and then annealed at 800 °C for 100 h in air after
drying. Comparative studies were conducted using the SiC-based fiber prepared
from polycarbosilane, which did not contain zirconium(IV) butoxide, as well as
commercial SiC fibers, namely, Hi-Nicalon and an alkali-resistant sintered SiC
fiber (Tyranno SA fiber). Figure 39 shows the fractured surfaces of the tested
fiber bundles, obtained using field-emission scanning electron microscopy 
(FE-SEM). As can be seen from the micrographs, only the above ZrO2-covered
SiC fiber retained its intact fibrous shape, whereas the other SiC fibers were 
extensively oxidized and then bonded together.

7
Summary and Prospect

Many types of inorganic fibers have been developed and commercialized over
the last 30 to 40 years. The main target was to develop composite materials with
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Fig. 39 Alkali resistance of the ZrO2/SiC fiber with comparative results



lightweight and high fracture toughness. Of these, regarding carbon fiber,
which has already established a very big market, the application technologies
(for example: composite technology and coating techniques) are mainly fully
developed now. Small-diameter oxide fibers based on polycrystalline alu-
mina/silica retain the desired mechanical properties up to 1200 °C but much
above this temperature they show remarkable structural changes and loss of
mechanical strength. In order to increase the usable temperature of fibers, the
two-phase oxide system was developed, and then an improvement in high-tem-
perature properties seemed to be achieved. However, this type of eutectic fiber
has not been commercialized yet because of the large fiber diameter and lower
production ability. Although the first developed SiC-based fibers also had 
limitations in their usable temperature, around 1200 °C, finally several types of
excellent heat-resistant SiC-polycrystalline fibers were synthesized from a poly-
carbosilane. These types of SiC-polycrystalline fibers have achieved both 
excellent heat-resistance and oxidation resistance.

All of the aforementioned inorganic fibers were developed in order to obtain
improved mechanical strength and excellent high-temperature-properties.
However, recently a new type of ceramic fiber with excellent function (for ex-
ample, photocatalytic activity) was developed based on the aforementioned pro-
duction technology of SiC-based fibers using a polycarbosilane. This fiber also
has both high strength and heat-resistance. In the following ten years,many types
of functional ceramic fibers with not only mechanical strength and heat-resis-
tance but also excellent functions will surely be developed and commercialized
(Fig. 40).
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Fig. 40 Prospect for the future inorganic fibers
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